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Abstract 

The mechanical behavior of freestanding Cu thin films is investigated using the 

plane-strain bulge test. Finite element analysis of the bulge test technique confirms that 

the measurement is highly accurate and reliable. A versatile specimen fabrication process 

using Si micromachining is developed and an automated bulge test apparatus with high 

displacement and pressure measurement resolutions is constructed. The elastic-plastic 

behavior of Cu films is studied with emphasis on the effects of microstructure, film 

thickness, and surface passivation on the plastic response of the films. For that purpose, 

Cu films with a range of thickness and microstructure and with different surface 

passivation conditions are prepared by electroplating or sputtering. The microstructure is 

carefully characterized and the stress–strain curves are measured. The mechanical 

properties are determined as a function of film thickness and microstructure for films 

both with and without surface passivation. The stiffness of the Cu films varies with film 

thickness because of changes in the crystallographic texture of the films and the elastic 

anisotropy of Cu. No modulus deficit is observed. The yield stress of unpassivated films 

varies mainly with the average grain size, while film thickness and texture have a 
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negligible effect. The yield stress follows the classical Hall-Petch relation with a 

coefficient close to that for bulk Cu. The results indicate that grain boundary 

strengthening is the main strengthening mechanism for unpassivated Cu films. Passivated 

films exhibit increased yield stress and work-hardening rate, as well as a distinct 

Bauschinger effect with the reverse plastic flow already occurring on unloading. 

Moreover, the yield stress increases with decreasing film thickness. Comparison of the 

experimental results with strain-gradient plasticity and discrete dislocation simulations 

suggests that the presence of any film-passivation interface restricts dislocation motion 

and results in the formation of a boundary layer with high dislocation density near the 

interface, which leads to a back stress field that superimposes on the applied stress field 

in the film. The directionality of the back stress leads to plastic flow asymmetry: it 

increases the flow stress on loading but assists reverse plastic flow on unloading. The 

boundary layer does not scale with the film thickness; hence the influence of the back 

stress increases with decreasing film thickness. 
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Chapter 1 

Introduction 
 

 

 

In this chapter, the background and motivation for the current study are given. 

The wide use of thin film technology in many important engineering applications has 

initiated extensive research on thin-film materials. Our motivation also comes from an 

academic interest in the unusual behavior observed in materials at very small scales. Thin 

films provide a unique opportunity to extend our understanding of material behavior at 

multiple length-scales. There have been numerous attempts to improve this understanding. 

The work presented in this thesis represents one of these attempts in one very particular 

field – plasticity in materials at the sub-micron and micron scales. The basic goal and the 

organization of this work are given at the end of this chapter. 
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1.1 Background: Thin films and their applications 

The digital revolution brought about by the development of integrated circuits 

over the last half century is one of the most astonishing achievements in human history. 

Computers, cellular phones, and many other information technologies have now become 

indispensable parts of modern societies. These technologies – modern computers, the 

Internet, telecommunications, as well as modern financial, business, manufacturing, and 

transportation systems – all depend on the existence of integrated circuits. For all their 

importance, integrated circuits could have never been achieved without the creative and 

efficient exploitation of thin film materials. Most materials used in advanced 

microelectronic devices are in thin film form. For example, a single state-of-the-art 

microprocessor contains hundreds of millions of thin-film transistors that are 

interconnected by numerous thin metal wires. Figure 1.1 shows the cross-sections of a 

typical 90 nm CMOS processor that contains 1 level of W contacts and local 

interconnects as well as 10 levels of Cu interconnects [1]. The continuing miniaturization 

and increasing complexity of metal interconnects have become the cost, yield, and 

performance limiter for advanced integrated circuits.  

Thin films are also essential components of microelectromechanical systems 

(MEMS) [2]. In these microscopic machines, mechanical and electronic components are 

microfabricated from thin films and integrated together using techniques developed by 

the microelectronics industry. A host of devices with unique capabilities at very small 

scales such as sensors, actuators, power producing devices, chemical reactors, and 

biomedical devices have been developed. These devices have found a variety of 
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Figure 1.1: Cross sections of a 90 nm CMOS microprocessor. (From [1]) 

 

 

Figure 1.2: SEM micrographs of MEMS micromirror arrays showing the film layer 

structure (From [2]) 
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applications across a wide range of industries. For example, Figure 1.2 illustrates the 

complex layer structure of a MEMS micromirror array widely used in portable projectors 

[2]. The essential structural and functional components are in thin-film form. Other 

examples of commercially successful MEMS devices [2] include inkjet printer heads, 

accelerometers, gyroscopes, pressure sensors, and optical switches. The feature size of 

MEMS devices continues decreasing and merges at nanometer scales into nanoelectro-

mechanical systems (NEMS) and nanotechnology. 

Besides the microelectronics and MEMS industries, thin films and coatings are 

also extensively used as wear resistant coatings on cutting tools, protective coatings in 

data storage devices, and thermal barrier coatings on turbine blades. 

 

 

1.2 Mechanical behavior of thin films: Motivation 

 

1.2.1 Technological driving force: Mechanical behavior and 

materials reliability 

In certain applications, thin films are used as components that carry mechanical 

loads. In these applications, the mechanical performance of the thin-film material is the 

primary consideration in materials selection. Examples include the structural and moving 

parts in MEMS devices, such as the hinges in micromirror arrays and optical switches, 

wear resistance coatings on cutting tools, and protective coatings for magnetic disks.  
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In many other applications, thin films are selected primarily because of their 

unique electronic, magnetic, optical, or thermal properties. The mechanical 

characteristics of the materials of choice in such applications are, however, not 

unimportant because thin films are often subjected to large mechanical stresses during 

both the manufacturing process and normal operation of the end-use devices.  

Generally, mechanical stresses in thin films can be divided into either the so-

called intrinsic or growth stresses that develop during the deposition process, or the 

extrinsic stresses that are induced by external physical effects [3-6]. Thin-film materials 

are fabricated using very different processing methods than those for bulk materials, such 

as epitaxial growth and various vapor deposition techniques. These processing methods 

often result in development of mechanical stresses in the films. There have been many 

mechanisms proposed for the development of growth stresses, which depend sensitively 

on the materials systems, deposition technique, and process parameters [7-12]. The 

extrinsic stresses are induced by various physical effects after the film is grown. One of 

the most commonly encountered examples is the thermal mismatch stress due to the 

thermal expansion mismatch between a film and its substrate [3]. The manufacturing 

process and normal operation of most thin-film based devices often involve large 

temperature cycles. Therefore, thermal mismatch stresses are inevitable and they can be 

very high if the thermal mismatch is large and the elastic modulus of the film is large, 

such as is the case for Cu films used in integrated circuits. 

Large mechanical stresses are unfavorable in most applications. For example, 

large mechanical stresses sometimes causes the materials to deviate from their ideal 
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functions due to coupling between the mechanical and functional properties. This often 

leads to device malfunction and/or failure. For example, high levels of residual stress in 

shape memory alloy thin films may prevent a phase transformation from occurring and 

may lead to loss of the shape memory effect. For piezoelectric thin films, excessive 

deformations due to large stresses may also cause the material to behave differently from 

its ideal function. 

Even though the presence of large mechanical stresses may sometimes not 

significantly affect the functional properties of thin films, they may still cause a material 

to fail by promoting the formation of voids or cracks in the films or by delaminating the 

films from attached layers. For example, the multilayered Cu interconnects in the CMOS 

processor in Fig. 1.1 are bonded tightly to barrier coatings and interlayer dielectrics. 

Figure 1.3(a) shows the details of such a configuration [13]. High levels of thermal 

mismatch stresses in both the Cu interconnect and surrounding layers can be induced 

because the CTEs of the Cu interconnect and surrounding materials are very different. 

Temperature cycles produce cyclic stresses in these materials and fatigue becomes a 

potential failure mechanism. Microcracks may develop in the Cu interconnects causing 

increased resistance or electrical opens in the circuits, as shown in Fig. 1.3(b). The 

surrounding layers may also crack or delaminate from the Cu interconnects. 

Therefore, understanding and controlling the mechanical properties of thin films 

is of paramount significance in order to improve the reliability and lifetime of devices 

based on thin films. Investigations of the mechanical behavior of thin films were initiated 

as a result of this technological driving force and continue to be motivated as the 
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microelectronics adopts new material systems and as dimensions of devices continue to 

shrink. 

 

  

(a) (b) 

Figure 1.3: (a) Cross-sectional TEM micrograph shows Cu interconnects manufactured 

using dual damascene process. (b) Cracks A and B are formed in Cu vias due to stresses 

caused by temperature cycles. (From [13]) 

 

1.2.2 Scientific driving force: Size effects 

In addition to the tremendous technological driving force, there is also a strong 

scientific motivation to study thin-film mechanical behavior. It has long been recognized 

that the mechanical properties of thin films can be very different from those of their bulk 
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counterparts [3, 6]. This phenomenon is generally referred to as a size effect and reflects 

the scaling laws of physical properties [2, 14]. Some properties can be simply explained 

through extrapolation of bulk behavior [2], but other properties depend sensitively on 

mechanisms that remain illusive [14]. The strength of thin films is a prime example: A 

substantial amount of experimental evidence has shown that thin metal films can support 

much higher stresses than the same material in bulk form. This strengthening has 

generally been attributed to dimensional and microstructural constraints on dislocation 

activity in thin films [14].  

Dimensional constraints are imposed by the interfaces and the small dimensions 

typically encountered in thin films, while microstructural constraints arise from the very 

fine grains often found in thin films. In bulk materials, microstructural constraints 

dominate the plastic behavior of the material. However, when material dimensions are 

comparable to microstructural length scales – as is typically the case for thin films – free 

surfaces and interfaces play an important role as well. For example, dislocations can exit 

the material through free surfaces, while strong interfaces can prevent them from doing 

so. Consequently, strong interfaces lead to a higher cumulative dislocation density in the 

film and result in a higher flow stress and a greater strain-hardening rate. This behavior 

cannot be captured by classical plasticity theories [15] and motivates a strong interest in 

developing new models to describe it.  

In addition to dimensional constraints, the microstructure of thin films also affects 

their mechanical properties. Since thin films are fabricated using different techniques 

than those for bulk materials, the microstructure of thin films is often very different from 
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that of bulk materials [16, 17]. A thorough understanding of the effect of the 

microstructure certainly expands our knowledge significantly. 

In summary, understanding the deformation mechanisms for thin films is not only 

important to take full advantage of the materials and improve device reliability, but also 

important expand to our knowledge of the processing-structure-property relationship, one 

of the basic tasks in materials science. 

 

1.2.3 Materials system 

In the current study, Cu thin films were selected as a model materials system 

because of the technological significance of Cu as the new interconnect material in  

integrated circuits.  

In the past, the mechanical properties of thin films of Al and its alloys were 

studied in order to improve the reliability and lifetime of devices with Al. With the 

continuing miniaturization of microelectronics devices and increasing current density in 

the interconnects, it was found that electromigration became a major failure mechanism 

for these conductor lines and that the improvements in reliability and performance of 

interconnects based on Al alloys would soon reach practical limits [23-26]. Moreover, 

with decreasing device size, the resistance-capacitance (RC) interconnect signal delay 

becomes increasingly dominant over the gate delay as illustrated in Fig. 1.4 [27]. The 

curves in Fig. 1.4 suggest that the delay can be minimized by lowering the electrical 

resistivity of the interconnects and the permittivity of the dielectric. Cu has higher 

electrical and thermal conductivity, higher melting temperature and consequently better 
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resistance to electromigration, all of which make it a much better interconnect material 

than Al [28]. As a result, Cu interconnects, together with low-permittivity (low-k) 

dielectric interlayers, recently replaced the traditional combination of Al interconnects 

and SiO2 in state-of-the-art integrated circuits. 

There are also, however, some potential reliability issues with Cu. For example, 

Young’s modulus of Cu is 50% higher than that of Al. Thermal mismatch and 

temperature cycles induce higher stress levels in both Cu interconnects and the 

surrounding dielectric. The strength of Cu is also much higher than Al. On the one hand a 

high strength is favorable for the mechanical performance of the material, but on the 

other it leads to large residual stresses that may cause excessive deformation and/or 

 

 

Figure 1.4: Gate and interconnect delay versus technology generation. (From [27]) 
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promote cracking of the surrounding dielectrics. Moreover, a thin barrier layer on Cu 

surface is necessary to prevent diffusion. How such a surface passivation affects the 

mechanical behavior of Cu films also needs to be well understood. Therefore, in order to 

take full advantage of Cu as the new interconnect material and to further improve the 

reliability of devices based on Cu metallization, it is necessary to achieve the same level 

of understanding of its mechanical behavior as for Al films. 

 

 

1.3 The goal and outline of the thesis 

The goal of the current work is to extend our understanding of the mechanisms 

that control the mechanical properties of thin metal films, and Cu films in particular. The 

microstructure of the Cu films is carefully characterized. Special experimental techniques 

are developed to fabricate and test freestanding thin Cu films. The stress–strain curves are 

measured and mechanical properties such as Young’s modulus, yield stress, and work-

hardening are investigated. The film properties are correlated with the microstructure of 

the films. Experimental results are then compared with existing models, such as strain-

gradient plasticity theories and discrete dislocation dynamics simulations. The 

comparison yields quantitatively agreement between experimental and theory. While thin 

Cu films were chosen as our model system, the approach is readily adapted to study the 

mechanical properties of other thin films. 

The thesis is organized as follows. Chapter 2 briefly reviews the current status of 

research on the mechanical behavior of thin metal films.  
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Chapter 3 discusses the experimental technique used in this study, namely the 

plane-strain bulge test technique.  

In Chapter 4, we investigate the mechanical properties of freestanding 

electroplated Cu thin films with various thickness and microstructure. The influence of 

film thickness, grain size, and crystallographic texture on the mechanical properties is 

evaluated quantitatively.  

Chapter 5 focuses on the effects of surface passivation and film thickness on the 

yield stress and work-hardening rate of both electroplated and sputter-deposited Cu thin 

films. The experimental results are compared with strain-gradient plasticity calculations 

and discrete dislocation simulations.  

In Chapter 6, we present a new experimental technique that allows us to test thin  

metal films in tension and compression and use this technique to investigate the 

Bauschinger effect in Cu films. The experiments are compared with the results of discrete 

dislocation simulations.  

Finally, concluding remarks of the current study and suggestions for future work 

are given in Chapter 7.  

 



 

 

 

 

Chapter 2 

Microstructure and mechanics of thin films: 

Background information  
 

 

 

In order to achieve a good understanding of the deformation mechanisms in thin 

films and to develop adequate models to describe them, we first need extensive and 

accurate measurements of their mechanical response. Specialized mechanical test 

techniques are required for that purpose. We also need a careful characterization of the 

microstructure of the films. Since the microstructure of a material is sensitively 

dependent on the fabrication process, knowledge of typical film deposition techniques is 

of course helpful. In this chapter, we briefly review several deposition techniques, thin-

film microstructures, some specialized mechanical test techniques, as well as advances in 

thin films mechanics in the literature. 
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2.1 Thin film growth 

Unlike bulk materials that are manufactured by methods such as casting, drawing, 

rolling, molding, etc., thin films are usually produced by fundamentally different 

techniques. Some common methods for thin film growth include various vapor deposition 

processes, spincoating, and electroplating [29]. Vapor deposition, which refers to a group 

of techniques that appear in many different forms, is the most widely used. Vapor 

deposition involves creation of a vapor phase in which the substrate is immersed and the 

film is grown on its surface. Vapor deposition methods are typically classified into two 

main types: (i) physical vapor deposition (PVD), where the vapor is formed through 

physical processes and no chemical reactions are involved in the deposition; (ii) chemical 

vapor deposition (CVD), where the material deposited is the product of a chemical 

reaction in the vapor or at the surface of the film. A detailed review of various techniques 

is beyond the scope of this thesis and interested readers are referred to [29]. In this 

section, we briefly introduce several of the most commonly used techniques for thin 

metal films, including evaporation, sputtering, and electroplating.  

 

2.1.1 Evaporation and sputtering 

Evaporation and sputtering are the two most commonly used PVD methods. 

Evaporation is a process in which the vapor is created by evaporating the source material 

using thermal energy in one form or another. Evaporated atoms travel a distance in a 

vacuum chamber before they condense on a substrate surface immersed in the vapor. 
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Depending on the thermal energy source used, evaporation can be divided into several 

types, including thermal evaporation, electron-beam evaporation, and molecular beam 

epitaxy. Evaporation is a thermal process where atoms of the material to be deposited 

arrive at the growth surface with low kinetic energy. The microstructure of the as-

deposited film is affected by various parameters such as base pressure, substrate 

condition, power, deposition rate, etc. Evaporated films are often highly textured. 

Sputtering is a process in which the vapor of the source materials is formed 

through ionic impingement of a target. In sputter deposition, an evacuated chamber is 

filled with a sputtering gas, typically Ar. The gas is ionized by imposing a direct-current 

(DC) or radio-frequency (RF) voltage, which forms a plasma in the chamber. An imposed 

electrical field accelerates the Ar+ ions toward the target at high speed. The target atoms 

are dislodged when the energetic ions bombard the target surface. These atoms then 

travel through the gas phase and condense onto the substrate, leading to film growth. 

Sputtering is a versatile technique that can be applied to many crystalline and amorphous 

materials. It offers better control in maintaining stoichiometry and more uniform film 

thickness. Alloy thin films with highly precise compositions can be fabricated through 

cosputtering. There are also some disadvantages. For example, because the target atoms 

usually have a high kinetic energy when they arrive at the growth surface, the probability 

of defect nucleation and damage in sputtered films is generally higher than in evaporated 

films. The condensation of high energy atoms also causes the substrate temperature to 

increase. Moreover, the sputtering gas may cause contamination by introducing impurity 

atoms in the films. Metal films sputtered at room temperature are typically polycrystal-
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line, consisting of very fine grains. The microstructure is of course affected by many 

parameters such as substrate temperature, deposition rate, power, and working gas 

pressure. 

 

2.1.2 Electroplating 

Electroplating, which is sometimes also called electrodeposition, is a process in 

which a metal is coated on a conductive surface through electrochemical reactions that 

are facilitated by an applied electrical potential. In this process, the surface to be coated is 

immersed into a solution of one or more metal salts. The surface needs to be conductive 

and forms the cathode of the electrical circuit. With an electrical current passing through 

the solution, the positive ions of the source metal are attracted to the cathode surface, 

where they are reduced, resulting in a coating of the source metal on that surface. 

Electroplating is a simple and economical course to deposit uniform coatings. It has been 

used in many applications across a wide range of industries for more than a century. For 

example, copper conductor lines in printed circuit boards, chromium coatings on steel 

parts in automobiles, zinc coatings on galvanized steel, and decorative gold and silver 

coatings on jewelry and various consumer products are all realized by means of 

electroplating.  

Electrodeposition is now introduced for growing Cu coatings in advanced 

integrated circuits. Cu metallization can be realized by many methods, among which the 

electrodeposition [28] has the advantages of simplicity, safety, low cost, low deposition 

temperature, low resistivity, and high gap filling capacity in a dual-damascene process. 
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Since a high-conductivity surface is required for the electrodeposition, a seed Cu layer is 

usually sputter deposited immediately prior to the plating process. A majority of the Cu 

films investigated in the current work were electroplated using a commercial process 

currently employed in the semiconductor industry [30].  

There are also some limitations for electrodeposition. For example, it generally 

cannot be applied to deposit alloys and nonmetallic materials. Due to the exposure of the 

film growth surface to the solution, impurities may be introduced.  

 

 

2.2 Thin-film microstructures 

The physical properties of thin films are determined by their microstructure. 

Therefore, no investigation of the mechanical properties of thin films is complete without 

a thorough characterization of their microstructure. Microstructure is a collective 

description of the arrangement of crystallites and crystal defects in a material [14]. Some 

of the most important characteristics include the shape, size, and orientation of the 

crystallites and their distributions, the density and distribution of crystal defects such as 

dislocations, defaults, and impurities, as well as the surface and interface morphologies 

[17]. These microstructural characteristics can be affected by many factors, including 

materials class, deposition technique and deposition conditions, heat treatment, and 

deformation history. There have been excellent reviews of the microstructure evolution in 

thin films, such as Refs. [16, 17]. In this section we summarize some key features related 

to thin metal films. 
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As already mentioned, films deposited by different techniques typically have very 

different microstructure. For example, metal films sputtered at room temperature 

typically consist of very fine grains, while evaporated films are often highly textured with 

larger grain sizes than sputtered films [29]. The microstructure formed in the deposition 

process is also materials dependent. For example, the mobility of the atoms of the target 

materials significantly affects the microstructure formation in both the deposition and 

post-deposition processes. The microstructure evolution during the growth process 

typically involves nucleation of crystallite islands from the condensed materials atoms at 

many sites on the substrate surface, growth of individual crystallites until they impinge 

with other crystallites, coalescence of the impinged crystallites, and coarsening of grains 

during thickening of the film [17]. For bulk materials, grain growth occurs at the expense 

of small grains through motion of grain boundaries, which is driven by the reduction in 

the total grain boundary energy. The grains are usually equi-axed. In thin films, free 

surfaces and interfaces also play an important role. Moreover, mismatch strains often 

develop between the film and the substrate and crystallographic orientations with higher 

in-plane elastic moduli lead to higher strain energy in the film. Therefore, grain growth 

and crystallographic texture development in thin films are driven by the reduction of the 

total energy, including the grain boundary energy, the surface and interface energy, and 

the strain energy. This is a thermally activated kinetic process. For films grown at room 

temperature, grain growth and texture development are often slow due to lack of thermal 

activation, resulting in a metastable structure with very fine grains. 

The microstructure of thin films can be further modified through a post-deposition  
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process, such as annealing. During annealing, grains grow and crystallographic textures 

develop in order to minimize the total energy. The rate is determined by the annealing 

temperature. When a grain grows to a size on the order of the films thickness, the grain 

boundaries intersect the film surface and form grooves at the surface. These grooves 

suppress further growth of the grain. As a result, a columnar grain structure with grain 

boundaries traversing the film thickness is formed. The grain size in the plane of the film 

is thus on the order of the film thickness. Annealing sometimes leads to grain boundary 

damage and surface morphology changes in thin films, such as grain boundary grooving, 

hillocking, and extrusion. These phenomena are caused by diffusional process and arise 

as a result of thermal mismatch stresses during the heating and cooling of the 

film/substrate system. 

Given the technological importance of the electrodeposition technique, it is 

worthwhile to have a look at the microstructure of electroplated thin films, which can be 

very different from those deposited by other methods. In electroplating, the 

microstructure of the film can be changed dramatically through the addition of certain 

chemicals to the plating bath. These chemicals are known as brighteners. The structure of 

Cu films deposited using the commercial resources currently in use consists of very fine 

grains and is very unstable. After deposition, the films spontaneously recrystallize at 

room temperature over a period of a few hours to several days [30-34]. After the 

recrystallization process, the as-deposited films develop a texture that is dependent on 

film thickness [30]. The films usually have a bimodal grain size distribution with a small 

number of giant grains due to abnormal grain growth [30]. The films often have a high  
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incidence of growth twins [30, 35]. Twin boundaries are coherent boundaries that have 

much smaller electrical resistivity than regular grain boundaries, which is a favorable 

feature for Cu used as conductor lines [35]. 

 

2.3 Mechanical characterization techniques 

The first step toward a good understanding of the mechanical behavior of thin 

films is to obtain accurate values of various mechanical properties. The traditional 

mechanical testing methods used for bulk materials cannot be applied directly to the 

study of thin films because of the small dimensions of these materials. Several 

specialized techniques have been developed to characterize the mechanical behavior of 

thin films during the past decades. These techniques can generally be divided into two 

main categories: 1) Direct testing of thin films deposited on substrates, which involves 

minimum sample preparation. The film properties are, however, implicitly embedded in 

the experiment data, and significant post-processing effort is usually required in order to 

extract the intrinsic film properties. 2) Mechanical characterization of freestanding films, 

which requires careful specimen processing and handling. These techniques can yield 

explicit and accurate elastic-plastic properties of the films. In this section, we briefly 

review several of the most widely used techniques in both categories.  

 

2.3.1 Techniques for films on substrate 

Among the techniques for testing films on substrate, the substrate curvature [3]  
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and nanoindentation [36, 37] techniques are the most widely used and commercialized.  

In the substrate curvature measurement, strains are imposed by varying the 

temperature of the film/substrate system if the coefficients of thermal expansion (CTE) of 

the film and the substrate are different. The stress in the film causes the film/substrate 

system to bend, the curvature of which can be measured using optical methods. Since the 

curvature of the substrate may not be zero, it is necessary to measure the substrate 

curvature prior to film deposition. The change of the substrate curvature, κΔ , can be 

related to the film stress, fσ , through the Stoney equation [3, 38]: 

2

6 f f

s s

h
Y h
σ

κΔ =  (2.1) 

where ( )/ 1s s sY E ν= −  is the biaxial modulus of the substrate, fh  and sh  the film and 

substrate thicknesses, respectively. Given sY , fh , and sh , the film stress can be readily 

determined as a function of temperature by measuring the curvature of the film/substrate 

system as a function of temperature. It should be noted that the imposed strain is equi-

biaxial if both the film and the substrate are thermally isotropic. The technique is often 

used to study the thermal mechanical behavior of metal films on ceramic substrates. 

Proper interpretation of the experimental results is not easy because the mechanical 

response is complicated by the temperature change. Moreover, the strain level that can be 

imposed is limited by the difference of CTEs between the film and the substrate and the 

maximum temperature change. The microstructure of the films may also change during 

the thermal cycles.  
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Nanoindentation [36, 37] is a technique that can quickly probe the mechanical 

properties of various thin films deposited on substrates. In nanoindentation, a rigid 

indenter is driven into the film while the indentation load, P , and displacement, δ , are 

continuously recorded. If friction and the finite compliance of the measuring system and 

the indenter tip are neglected, the hardness, H , and indentation modulus, M , can be 

extracted using the following equations 

/H P A= , (1) 

and 2S M Aγ
π

= . (2) 

Here, the hardness H  is defined as the ratio between indentation load P  and projected 

contact area A . The contact stiffness /S dP dδ=  is obtained from the slope of the initial 

portion of the elastic unloading curve; γ  is a correction factor for a specific indenter tip 

shape, e.g., 1.08γ ≈  for a three-sided pyramidal indenter tip with the same area area-to-

depth ratio as the Vickers indenter (i.e., the so-called Berkovich tip) [39, 40]. The 

hardness, H , is proportional to the material yield stress, yσ . The ratio / yH σ  depends on 

indenter shape and material properties: it increases with / yE σ  and approaches a constant 

value ( 3≈ ) when tan / 30yE α σ > .[40, 41] If the material work hardens, the yield stress is 

taken at a representative strain[42], which is approximately 7% for a Berkovich indenter. 

For isotropic materials, the indentation modulus equals the plane-strain modulus, 

( )21M E ν= − , where E  and ν  are Young’s modulus and Poisson’s ratio of the isotropic 
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material, respectively. For anisotropic materials, M  is given by a complicated function of 

the elastic constants [43].  

Nanoindentation on thin films has uncertainties due to well-known experimental 

limitations that make it difficult to interpret the experimental data accurately. Most 

notable among these are the effects due to presence of the substrate, densification of the 

film as a result of large hydrostatic stresses, issues with tip calibration, surface roughness, 

and size effects as a result of the non-homogenous strain field. Considerable effort has 

been devoted to understanding these issues and to relating nanoindentation results to 

intrinsic material properties. For example, the substrate effect has been studied by Tsui et 

al. [44, 45], Saha and Nix [46], Chen and Vlassak [47], King [48], Bhattacharya and Nix 

[49], and Bolshakov and Pharr [50]. The effect of densification has been discussed by 

Fleck et al. [51] and Chen et al. [52] The information that can be acquired from the 

nanoindentation is also limited. For example, nanoindentation is not suitable for 

measuring the work-hardening behavior or the residual stress in the film [44, 47].  

In addition to the substrate curvature technique and nanoindentation, a number of 

dynamic techniques are available for determining the elastic properties of thin films on 

substrates. These techniques include surface acoustic wave spectroscopy (SAWS) [53] 

and surface Brillouin scattering (SBS) [54]. These techniques typically require 

knowledge of the density of the film and only provide information on the elastic behavior 

of the films. 
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2.3.2 Techniques for freestanding films  

Among techniques developed to measure the mechanical behavior of freestanding 

thin films, the microtensile test [55-58] and the bulge test [59] techniques are widely 

employed. These techniques require some sample preparation, but they can be readily 

applied to measure intrinsic film properties without any substrate effects, and to obtain 

thin film constitutive behavior with relatively large applied strains.  

The microtensile test is the analog of its bulk counterpart. Due to difficulties 

associated with sample handling at the micron or submicron scale, microtensile testing 

often suffers from alignment and gripping problem, which often leads to inaccuracy in 

the strain measurement. Spaepen and colleagues [56] have developed a diffraction-based 

technique for measuring the local strains of a freestanding film by patterning a square 

array of photoresist islands on the film surface. There are still some uncertainties in the 

strain measurement due to transverse wrinkling of the freestanding film. Since the film 

needs to be removed from the substrate before mounting it on the testing stage, residual 

stresses in the film cannot be measured. The sample handling also limits the thickness of 

the film that can be tested. Alternatively, a thinner film can be tested by depositing the 

film on a compliant polymeric substrate and by stretching the film/substrate composite 

structure [60]. The stress in the film can be obtained by subtracting the force-

displacement curve of the substrate from that of the film/substrate composite structure. 

The local stresses in individual grains in the film can also be measured by means of x-ray 

diffraction [61]. Recently, progress has been made by using Si micromachining 

techniques to fabricate tensile specimens [55, 57]. For example, Saif and colleagues [55] 
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developed a MEMS-based technique in which the tensile specimen is integrated with the 

testing frame. Load and displacement are both measured by analyzing the SEM images of 

the testing frame. The testing frame features small size and can be fit into a TEM holder  

to perform in-situ microstructure characterization during the tensile test.  

There is a variation of the microtensile test, the so-called membrane deflection 

experiment (MDE) that was developed by Espinosa and colleagues [58, 62, 63]. In this 

technique, a dogbone-shaped freestanding film stripe is microfabricated with an enlarged 

contact area at its center. A nanoindenter tip is used to apply line loading on this contact 

area and the load is continuously recorded. The gauge section of the freestanding film 

undergoes a pure stretch and the displacement is measured by means of a full-field 

interferometric method. This technique involves less specimen handling and offers 

accurate strain measurement. It is critical to avoid misalignment of the indenter tip in 

order to prevent errors caused by non-stretching deformations such as torsion. Moreover, 

the film stripe curls in the transverse direction due to Poisson’s effect. 

The bulge test is another powerful technique for measuring the mechanical 

behavior of freestanding thin films [59, 64, 65]. In this technique, freestanding thin films 

are obtained by opening a window in the substrate using micromachining techniques. The 

film is deflected by applying a uniform pressure to one side of the freestanding 

membrane. The mechanical properties of the film are determined from its pressure–

deflection behavior. Compared with microtensile testing, the bulge test technique has the 

unique advantage of precise sample fabrication and minimal sample handling. There are 

virtually no issues related to specimen alignment and film wrinkling due to Poisson’s 
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effect since the film is supported by Si substrate at all edges. Moreover, the residual 

stress in the film can be measured. With some care, freestanding films as thin as 50 nm 

can be prepared and tested. In the current work, the plane-strain bulge test is the primary  

mechanical characterization technique. A more detailed discussion on this technique will 

be given in the next chapter. 

 

 

2.4 Advances in thin film mechanics 

Exploration of the mechanical behavior of thin films can be traced back to as 

early as the 1950s [66]. This early work was initiated to study stresses and failures in 

integrated circuit structures. The field has developed rapidly since the late 1980s and the 

investigations were then extended to more general applications of thin films. There have 

been several reviews of the mechanical behavior of thin films by leading scholars in this 

field, such as Hoffman and Campbell [67], Nix [3], Alexopoulos and O’Sullivan [68], 

Vinci and Vlassak [6], Arzt [14], and Freund and Suresh [69]. Various theoretical models 

have been developed to describe the observed phenomena in thin films and other 

materials at small scales. In this section, these advances are reviewed with a special focus 

on the mechanical behavior of polycrystalline metallic thin films. 

As mentioned before, thin films are generally much stronger than their bulk 

counterparts [3, 6] as a result of the film thickness effect as well as the effect of very fine 

grains. The film thickness effect cannot be captured by classical plasticity theories. 

Various theoretical and numerical models have thus been proposed to describe the new 
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features in thin film plasticity. These models can generally be divided into two main 

categories: (i) the macroscopic models, which are based on the continuum theory of 

plasticity, such as the strain-gradient plasticity theories by Aifantis [70, 71] or by Fleck 

and Hutchison [72-75]; (ii) the microscopic models, which are based on dislocation 

mechanics, such as the single dislocation model proposed by Nix [3], or the discrete 

dislocation dynamics simulations by Needleman and van der Giessen [76, 77]. 

Mechanisms for the size effect in small-scale plasticity typically fall into two main 

classes: (i) glide-controlled mechanisms, i.e., the dislocation glide is constrained due to 

the presence of plastic strain gradients or geometrically necessary dislocations (GND) [70, 

71, 73-85], either due to non-uniform deformation [72, 86, 87] or due to prescribed 

boundary conditions, e.g., experiments in the current study; (ii) nucleation-controlled 

mechanisms, due to limited dislocation sources [87-89] at small material volumes. 

The influence of microstructure on mechanical properties has been widely studied 

in bulk materials and a number of models are well established. For example, the Taylor 

relationship provides a relationship between flow stress and dislocation density, while the 

well-known Hall-Petch equation quantifies the effect of the grain size [90-92]. Some of 

these models developed for bulk materials break down for materials with very fine 

microstructures. Spaepen and Yu [22], for instance, recently compared the effect of 

microstructural length scales on the yield stress of various Cu-based materials including 

multilayers, thin films, and nanocrystalline compacts. They found that the classical Hall-

Petch relation tends to overestimate the strength as the relevant microstructural length 

scale decreases below one micron or so. Furthermore, research on nanocrystalline 
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materials reveals that when the grain size decreases below a critical value (on the order of 

30 to 50 nm), some materials exhibit an inverse Hall-Petch behavior, where the flow 

stress decreases with decreasing grain size [19, 21]. This behavior has been attributed to 

grain boundary deformation mechanisms such as grain boundary sliding and rotation that 

become dominant at very small grain sizes [93]. 

Some of the models that were developed to explain the size effect in thin-film 

plasticity, such as discrete dislocation simulations [81, 94], some crystal plasticity 

theories [94], as well as some strain-gradient plasticity theories [79], also predict unusual 

unloading behavior for thin films. These models predict a large Bauschinger effect in 

passivated films with reverse plastic flows already occurring even when the overall stress 

is still in tension on unloading, while other models do not. Experimental evidence for 

such an unusual Bauschinger effect is lacking due to difficulties in testing thin films in 

compression.  

In addition to thin-film plastic behavior, elastic properties are of interest as well. 

Recent measurements of Young's modulus of various freestanding metal films and 

multilayers, including Cu [56, 60, 96, 97], Ag [56], Al [56, 57, 96], W [96], Au [55, 58], 

and Cu/Ag multilayers [56], have yielded experimental values that are 20% to 50% 

smaller than for bulk materials, while other researchers have reported values similar to 

those of bulk materials [55, 58, 65, 95, 98-100]. This modulus deficit is observed mainly 

for films deposited with e-beam evaporation and tested using the micro-tensile technique 

[56-58, 60], although sputtered Au films with ultra fine grains [55] and some 

electroplated Cu films [97] have also been reported to have lower moduli. Several 
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mechanisms have been suggested to explain the modulus deficit including incomplete 

cohesion of grain boundaries, presence of voids or microcracks, and compliant grain 

boundaries [56]. 

A number of studies have focused on Cu in particular because of the adoption of 

Cu metallization in advanced integrated circuits. Flinn [101] and Thouless et al. [102] 

investigated stress development and relaxation in Cu films during thermal cycling using 

the substrate curvature technique. Keller et al. [103] quantitatively studied the effects of 

film thickness, grain size, and passivation on the yield stress of sputtered thin Cu films on 

Si substrate using the same technique. Their results showed that the yield stress of Cu 

films is well described by the dimensional constraint model proposed by Nix [3] 

combined with classical Hall-Petch grain-size strengthening or Taylor strain hardening. 

Spolenak et al. [104] studied both electroplated and sputter deposited Cu films on 

substrates and found that the yield stress at room temperature increases with decreasing 

film thickness for both sets of films. Sputtered films, however, exhibited a higher yield 

stress than the electroplated films. This was attributed to the different microstructure of 

these films. Yu and Spaepen [60] measured the stress–strain curves of electron beam 

evaporated Cu thin films on polyimide substrates using a micro-tensile tester. They 

reported a 20% modulus deficit and a strong dependence of the yield strength on film 

thickness. 

While understanding the mechanical behavior of Cu films on substrates is 

important because in many applications Cu films are indeed bonded to a substrate, it is 

difficult to separate the film thickness effect from grain-size strengthening in films on 
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substrates. In order to gain better understanding, it is desirable to investigate the behavior 

of freestanding films. Work on freestanding Cu films can be traced back to the 1960s 

[105-108]. For rolled Cu foils with thickness varying from 2 to 150 µm, the strength was 

reported to be independent of film thickness [105, 106]. Oding and Aleksanyan [107] 

found that the strength of evaporated films decreased by a factor of two when their 

thickness increased from 1.5 to 4.6 µm. Leidheiser and Sloope [108] studied the stiffness

and fracture strength of freestanding thermally evaporated Cu films with thickness 

ranging from 60 to 500 nm using a circular bulge test technique. They found that the 

fracture strength of these films varied inversely with film thickness, while the stiffness 

was the same as for bulk polycrystalline Cu independent of film thickness. No correlation

of the mechanical properties with the microstructure of the films was made. Recently, 

Read and colleagues [97, 109, 110] studied the tensile, fracture and fatigue behavior of 

freestanding electron-beam evaporated Cu thin films using the micro-tensile test. The Cu 

films exhibited low ductility, which was attributed to a lack of dislocation sources and a 

dislocation glide distance limited by the film thickness and fine grain size. 

 

 

 



 

 

 

 

Chapter 3 

The plane-strain bulge test technique for thin 

films † 
 

 

 

The plane-strain bulge test is a powerful technique for measuring the mechanical 

properties of thin films and is chosen as the primary mechanical test method in the 

current study. It has a number of advantages compared with other techniques that are 

available for thin film mechanical characterization. For example, it eliminates the effect 

of substrates on the measurement compared with nanoindentation; it is an isothermal 

measurement which makes it more straightforward for data interpretation compared with 

the substrate curvature technique; it involves minimal sample handling and has fewer 

experimental uncertainties compared with the microtensile test.  

                                                 
† Based on "The plane-strain bulge test for thin films", Y. Xiang, X. Chen, and J.J. 

Vlassak, J. Mate. Res. 20, 2360-2370 (2005). 



Chapter 3: The plane-strain bulge test technique for thin films 32 

In this chapter, the development of the bulge test technique is briefly reviewed. 

The accuracy and reliability of the plane-strain bulge test in both elastic and plastic 

regimes are examined through finite element analysis. A versatile sample fabrication 

process is developed and a computerized bulge test apparatus with high displacement and 

force measurement resolutions is constructed. Typical experimental procedures and data 

analyses are demonstrated for Cu thin films. 

 

 

3.1 A brief review of the bulge test technique 

Bulge testing of thin films was first reported by Beams in 1959, as a technique for 

measuring in-plane mechanical properties of thin films [66]. In the beginning, the 

technique suffered from a number of problems related to sample processing, handling, 

and data analysis. The recent rapid development of silicon micromachining technology 

has made it possible to manufacture bulge test samples with precisely controlled 

dimensions, and has dramatically reduced sample handling [59, 111]. These 

improvements have made accurate bulge testing possible. In order to explain the 

experimental data and relate them to the mechanical properties of the tested films, both 

theoretical and numerical analyses have been conducted to understand the pressure–

deflection relation for membranes with various shapes. Hencky was the first to publish an 

analytical solution for the elastic deflection of a pressurized circular membrane with fixed 

edges [112]. Vlassak generalized Hencky’s solution to include the influence of residual 

stress on the deflection of a membrane [64]. The problem becomes more complex for 
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non-circular geometries such as square or rectangular membranes. An exact elastic 

solution for the problem of a pressurized square membrane was given by Levy, but is too 

complex to be practically useful [113]. A number of researchers have developed 

approximate solutions using energy minimization methods [59, 111, 114, 115]. Vlassak 

and Nix [59] derived an accurate expression for the elastic load-deflection behavior of 

square and rectangular membranes following an approach originally developed by 

Timoshenko [115]. The effect of residual stress on the membrane deflection was also 

taken into account. These researchers further found that once the aspect ratio of a 

rectangular membrane exceeds 4, the deflection at the center of the membrane is nearly 

independent of the aspect ratio and can be approximated with the exact solution for an 

infinitely long rectangular membrane, which can be readily derived [59, 115]. 

The accuracy and reliability of the bulge test has been analyzed by a number of 

researchers. Itozaki showed that failure to include the initial height of the membrane in 

the analysis leads to an apparent nonlinear elastic behavior of the film [116]. Small et al. 

analyzed the influence of initial film conditions such as film wrinkling, residual stress, 

and initial height of the membrane using finite element analysis [117, 118]. Vlassak [64] 

investigated the contribution of the film bending stiffness to the deflection of a membrane. 

He showed that for typical bulge test geometries, the bending moment is only significant 

very close to the edge of the membrane and is negligible everywhere else. These analyses, 

together with new sample preparation techniques based on Si micromachining, have 

made the bulge test a useful technique to accurately measure the elastic properties of both 

freestanding films and multilayers across a wide range of materials, such as ceramic,  
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metal, polymer, etc. [59, 98, 119, 120]. 

Because the bulge test technique measures isothermal stress–strain curves of 

freestanding films, it is also ideal for studying plasticity in thin films. Mathematical 

analyses of the bulge test, however, are based on linear elasticity and may not be applied 

to the plastic regime. In circular, square, or rectangular membranes with small aspect 

ratios, the stress and strain in the film are not uniform [64]. As a result, plastic flow does 

not initiate uniformly in the membrane. Even after the entire membrane has yielded, 

different parts of the membrane undergo different amounts of plastic deformation and the 

resulting stress state in the film can be quite complex. These geometries are thus not 

suitable for studying the plastic properties of thin films. We will show that deformation 

of rectangular membranes with aspect ratios greater than 4 results in a state that closely 

approximates plane strain. For thin films in a state of plane strain, the stress and strain are 

distributed uniformly across the width of the membrane. This feature makes long 

rectangular membranes especially useful for studying the plastic behavior of thin films. 

Indeed, a similar approach has been used to study work hardening in thin sheets, although 

the test geometry is quite different in this case [121].  

Simple analytical formulae are established to calculate the stress and strain 

independently from the applied pressure and the deflection at the center of the membrane 

[64]. There has been, however, no systematic study of the accuracy of these formulae in 

the plastic regime. In this chapter, we first review the equations used to analyze bulge test 

results. Then, a finite element analysis is carried out to verify the accuracy of these 

equations in the plastic regime. A sample preparation process based on silicon 
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micromachining technology is used to manufacture long rectangular freestanding Cu 

membranes. Typical experimental results and data analyses for the Cu thin films are 

demonstrated and compared with the results from the finite element analysis. 

 

3.2 Finite element analysis 

Consider a pressurized rectangular membrane made of an isotropic elastic-plastic 

material with a power-law stress-stain relationship. Figure 3.1(a) shows a perspective 

view of the membrane before and after pressure is applied; Figure 3.1(b) is a plan view of 

the membrane window framed by a Si substrate. The deflection, δ , at the center of a 

membrane of dimensions ba 22 ×  is a function of the applied pressure, various material 

parameters, and the membrane geometry:  

( )0, , , , , , , ,yf p E n a b hδ σ σ ν= , (3.1) 

where p is the applied pressure, 0σ  the in-plane equi-biaxial residual stress in the film, E  

Young’s modulus, ν  Poisson’s ratio, yσ  the yield stress, n  the strain-hardening  

exponent, and h  the film thickness. The dimensionless form of the above function is: 

0, , , , , ,y

y

p b hF n
a E E a a

σσδ ν
σ

⎛ ⎞
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In the elastic regime, the strain-hardening exponent and the yield stress do not enter the 

equation and equation (3.2) is reduced to 

0
1 , , , ,p b hF

a E E a a
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. (3.3) 
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(a) 

 

(View from the bottom.) 
 

p –  Applied Pressure 
2a –  Membrane Window Width 
h –  Membrane Thickness 
δ –  Membrane Deflection 

(b) 

Figure 3.1: Schematic illustration of the plane-strain bulge test for a long rectangular 

membrane: (a) Perspective views of the freestanding film before and after a uniform 

pressure (p) is applied; (b) Plan view of a typical sample showing a long rectangular 

membrane framed by a Si substrate. 
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For a linear elastic membrane, this relationship is well approximated by the following 

functional form [59, 64, 114] 

( ) ( ) ( )
30

1 22 4,
1

h Ehp c b a c b a
a a

σ δ ν δ
ν

= +
−

, (3.4) 

where 1c  is a constant that depends on the aspect ratio /b a , and 2c  a constant that 

depends on both Poisson’s ratio and the membrane aspect ratio. The above equation is 

based on the membrane assumption, i.e., the influence of the bending stiffness of a 

membrane is negligible compared to the contribution of the residual stress. This is so if 

2
0

2 1a
E h

σ . It can be shown with a boundary layer analysis that in that case the effect of 

the bending stiffness is to reduce the deflection of the membrane by an amount less than 

the film thickness [64]. The sample dimensions in the present study satisfy this 

membrane assumption. For rectangular membranes with aspect ratios greater than 4, the 

assumption of plane strain holds and the pressure–deflection relationship is found to be  
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2 2 4

42
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σ δ δ
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−

, (3.5) 

where 2a is the width of the membrane, as shown in Fig. 3.1(a). 

The linear elastic analysis becomes invalid once the film deforms plastically. 

When subjected to a uniform pressure, an infinitely long membrane with negligible 

bending stiffness takes the shape of a section of a cylinder with a circular cross-section 

[64]. The stress and strain in the membrane are then uniform across the width of the 



Chapter 3: The plane-strain bulge test technique for thin films 38 

membrane independent of whether the film deforms elastically or plastically, and are 

given by 

( )2 2
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where ε0 is the residual strain in the film. When the deflection is much smaller than the 

membrane width, i.e., aδ , the above equations reduce to  
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For strains less than 1% and the membrane aspect ratios used in this study, the difference 

between equations (3.6) and (3.7) is negligible. When the deflection δ  is large compared 

to a, equations (3.6) should be used.  

Because there is no analytical solution for the plastic deflection of rectangular 

membranes of finite length, the finite element method (FEM) is used to evaluate the 

accuracy of equations (3.6) and (3.7). The parameters governing plastic deformation of 

the membrane are given in equation (3.2). Since we are interested in the plastic flow 

behavior of very thin films, the effects of /b a , n  and 0 / yσ σ  are examined only for the 

limit where 2h a . Finite element calculations are performed using the commercial 

code ABAQUS. Plastic deformation is modeled using a large-deformation description 

combined with J2 flow theory. The rectangular membrane is represented by 1000 three-

dimensional, eight-node, quadratic, thin-shell elements (element S8R5, with 5 degrees of 

freedom at each node and with reduced integration) that account for finite rotations of the 

middle surface. The thin film is made of an elastic-plastic material governed by a power- 
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law constitutive equation with a strain-hardening exponent n in uniaxial tension: 
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The edges of the membrane are assumed to be clamped since the substrate suppresses any 

rotation of the edges. 

Using this finite element model, the deflection at the center of a rectangular 

membrane is calculated as a function of applied pressure, membrane aspect ratio, and 

work-hardening exponent. The residual stress was fixed at 60% of the yield stress; the 

elastic modulus was taken to be 1200 times the yield stress; the t/a ratio was 3 × 10-3. The 

resulting pressure–deflection relationships are converted into plane-strain stress–strain 

curves using equations (3.6) and plotted in Fig. 3.2. These curves are then compared with 

the plane-strain stress–strain relationship directly calculated from the uniaxial behavior in 

equation (3.8) using finite elements and denoted by “input” in Fig. 3.2. All stresses in Fig. 

3.2 are normalized by the plane-strain yield stress, PS
Yσ , defined as the yield stress for the 

input plane-strain stress–strain curve calculated using finite elements; the strains are 

normalized by the corresponding yield strain ( PS
Yε ). The numerical results for the plane- 

strain σ ε−  relationships are presented in Figs. 3.2(a), 3.2(b), and 3.2(c), for n = 0, 0.2, 

0.5, respectively. For each value of n, stress–strain curves obtained from membranes with 

three different aspect ratios are compared with the input material behavior. It can be seen 

that for all strain-hardening exponents considered in this study, the transverse stress and 
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Figure 3.2: The plane-strain stress–strain curves obtained from the finite element method 

for various aspect ratios [b/a =2, 4 and 5] and for n = 0 (a), n = 0.2 (b), and n = 0.5 (c); (d) 

The plane-strain stress–strain curves calculated using small and large deformation 

formulae for a membrane with n = 0.2 and b/a =4. 
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strain predicted from equations (3.6) are highly accurate as long as the membrane aspect 

ratio is at least 4. Even membranes with /b a = 2 show good agreement, especially for 

larger values of the work-hardening exponent. To illustrate the difference between small 

and large deformation formulae, Fig. 3.2(d) shows the stress–strain curves calculated 

using both sets of equations for a membrane with /b a = 4. As expected, both curves 

coincide with the input curve when the applied strain is small. At a strain of 1%, the 

σ ε−  relationship calculated using the small deformation formulae, equations (3.7), is 

approximately 1.5% lower than the input curve; the curve calculated using the large 

deformation formulae, equations (3.6), is indistinguishable from the input curve at both 

small and large strains. The FEM output data also verify that the longitudinal strain does 

not change with the applied strain, i.e., the plane-strain condition is well satisfied, and the 

transverse stress and strain are distributed uniformly across the width of the membrane 

for membranes with aspect ratios equal or greater than 4. 

The effect of the residual stress on the plane-strain bulge test was also 

investigated using the finite element method. Fig. 3.3 shows the pressure–deflection 

curves for films with various levels of residual stress and the corresponding plane-strain 

stress–strain curves obtained using equations (3.6) for both ideally plastic [Figs. 3.3(a) 

and 3.3(b)] and strain-hardening [Figs. 3.3(c) and 3.3(d)] materials. It is found that the 

residual stress affects mainly the elastic deflection [Figs. 3.3(a) and 3.3(c)] and the initial 

point of yield [Figs. 3.3(a) and 3.3(b)] as expected from the yield criterion. If the material 

obeys the von Mises yield criterion, the stress at first yield varies from the uniaxial yield 

stress, yσ , if the residual stress is equal to the yield stress, to 2/ 1yσ ν ν− + if the 
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Figure 3.3: The pressure–deflection curves and corresponding plane-strain stress–strain 

curves obtained from the finite element method for an ideally plastic material [(a, b) n = 0] 

and a strain-hardening material [(c, d) n = 0.5] with various levels of residual stress 

(σres/ σy =0, 0.6, and 1). 
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residual stress is zero. Once the film deforms plastically, the effect of the residual stress 

is quickly wiped out: for ideally plastic material, the residual stress has no effect on the 

rest of the stress–strain curve [Fig. 3.3(b)]; for strain-hardening material, the effect 

amounts to a small shift along the strain axis [Fig. 3.3(d)]. The plane-strain stress–strain 

curves [Figs. 3.3(b) and 3.3(d)] can be converted into equivalent stress-equivalent strain 

curves [Figs. 3.4(a) and 3.4(b)], using the method described in the Appendix B. The 

small discrepancy caused by the biaxial residual stress in the plane-strain stress–strain 

curves is completely eliminated in the equivalent uniaxial stress–strain curves. 

 

  

(a) (b) 

 
Figure 3.4: The von Mises stress–strain curves for the ideally plastic material [(a) n = 0, 

corresponding to Fig. 3.3(b)] and strain-hardening material [(b) n = 0.5, corresponding to 

Fig. 3.3(d)] with various levels of residual stress (σres/ σy =0, 0.6, and 1). 
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3.3 Sample preparation 

In this study, a 2.8 μm electroplated, Cu film was tested to illustrate the 

methodology of the plane-strain bulge test. Freestanding Cu membranes were prepared 

using standard photolithography and silicon micromachining techniques. As shown in 

Fig. 3.5, we start with a (100) Si wafer coated on both sides with low pressure chemical 

vapor deposited (LPCVD) Si3N4 film. First, a 30nm TaN adhesive layer and a thin Cu 

seed layer were sputter deposited onto the Si3N4 followed by electrodeposition of the Cu 

film. The as-deposited film was annealed for one hour in vacuum at 600°C to stabilize 

the microstructure. A layer of benzocyclobutene (BCB) was spincoated onto the Cu film 

to protect it during subsequent processing. Photolithography is used to define long 

rectangular windows (with an aspect ratio of 4:1) in the LPCVD Si3N4 coating on the 

backside of the substrate and with the edges of the rectangles aligned along the <110> 

directions in the Si substrate. The Si substrate is etched anisotropically (etch selectivity 

between (100) and (111) crystal plane is approximately 50:1.) using a potassium hydro- 

oxide (KOH) based wet etch to create freestanding membranes that consist of the Si3N4 

coating and the Cu film. The size of the membranes is 2.4×10 mm2 (with 2 a =2.4 mm in 

Fig. 3.1). Finally, freestanding Cu films are obtained by removing the Si3N4 and TaN 

using reactive ion etching (RIE) and by dissolving the protective BCB layer in an organic 

solvent. The advantage of the sample preparation process is that there are no restrictions 

on the type of film or the way the film is deposited on the substrate, as long as the Si3N4 

etch is selective with respect to the film of interest. An alternate technique would consist 
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Figure 3.5: Schematic illustration of the sample preparation process using the standard 

photolithography and Si micromachining technology. 

 

of first preparing freestanding Si3N4 membranes, after which the film of interest 

can be deposited directly onto the Si3N4 membrane. By removing the Si3N4 using reactive 

ion etching (RIE), a freestanding film is obtained. This process is easier, but much less 

generally applicable: the Si3N4 membranes are fragile and there may be limitations with 

respect to which deposition techniques can be used. Moreover, for high energy deposition 

techniques such as sputtering, the structure of the film deposited on the Si3N4 membrane 

can be different from that on the bulk Si substrate. The Si3N4 membrane does not conduct 

the heat of condensation away as efficiently as the Si substrate during the film deposition 
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process and the film over the membrane are exposed to much higher temperatures than 

elsewhere. The two methods are complimentary to each other and can be applied to a 

wide range of materials. Technical details and step-by-step instructions for the sample 

preparation are given in the Appendix A.  

Note that a residual tension must be maintained in the freestanding film, since any 

in-plane compressive stress will cause the film to buckle due to its small bending stiffness 

[117, 118]. Buckles near the edge of the membrane disappear only gradually as pressure 

is applied during an experiment, rendering the pressure–deflection data meaningless. If 

the stress in the film of interest is compressive, the LPCVD Si3N4 coating beneath the 

film can be kept and the composite membrane tested. The Si3N4 coating typically has a 

high tensile residual stress and the overall stress in the composite membrane may be kept 

in tension if the thickness ratio of the two layers is properly selected. The mechanical 

properties of the film of interest can be measured by subtracting the elastic contribution 

of the Si3N4 film, which can be readily determined independently [120]. This composite 

technique makes it possible not only to measure films with residual compression, but also 

to deform metal films alternating in tension and in compression. In this case, the Si3N4 

film acts as a spring that drives the metal film into compression after unloading. This 

technique will be applied to Cu and Al films to study the Bauschinger effect in thin metal 

films and a more detailed description is given in Chapter 6.  
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3.4 Experimental setup 

A schematic of the bulge test aparatus used in this study is shown in Fig. 3.6. The 

sample is clamped onto a sample holder. Pressure is applied by pumping water into the 

cavity under the film using a syringe pump driven by a stepper motor. The deflection at 

the center of the membrane is measured by means of a laser interferometer with a 

displacement resolution of 316.5 nm, i.e., half the wavelength of the He-Ne laser. At the 

beginning of each experiment, the interferometer is used to ensure that the membrane is 

 

 

 
Figure 3.6: Schematic illustration of the bulge test apparatus. 
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flat and level with the surrounding substrate. The pressure is measured using a pressure 

gauge with a resolution of  0.1 kPa. The experiment is controlled by a computer via a 

LabView based program and a data acquisition system. A detailed technical description 

of the bulge test apparatus is given in Appendix A. 

 

 

3.5 Results and discussion 

Typical pressure–deflection data for the 2.8 μm freestanding Cu film are 

presented in Fig. 3.7(a). The Cu film was loaded to a maximum deflection of 

approximately 300 μm, at which point it ruptured. The loading segment was interrupted 

by two brief unloading cycles to evaluate the elastic properties of the film. Because of the 

large deflection compared to the membrane width, the large deformation equations (3.6) 

are used to calculate the plane-strain stress–strain relationship presented in Fig. 3.7(b). 

The fracture strain is approximately 4%. From the stress–strain curve, the residual stress 

in the film is determined to be 66 MPa. The yield stress is defined at a specific offset 

plastic strain: for example, the yield stress at 0.2% plastic strain is found to be 125MPa. 

The plane strain modulus 21
EM
ν

=
−

 is determined from the slopes of the unloading 

curves and is 130±5 GPa, in good agreement with the value one would expect based on 

the crystallographic texture of the film [30]. The plane-strain stress–strain curve [Fig. 

3.7(b)] obtained using Eqs. (3.6) is converted into an equivalent uniaxial stress–strain 

relationship [Fig. 3.7(d)], using the method described in Appendix B. The evolution of 



3.5 Results and discussion 49 

 

  

(a) (b) 

  

(c) (d) 

 
Figure 3.7: Experimental results for a 2.8 μm electroplated Cu film: (a) The pressure–

deflection curve with two brief unloading cycles; (b) The plane-strain strain-stress curve; 

(c) Evolution of the transverse and longitudinal stress with applied strain; (d) The von 

Mises equivalent uniaxial stress–strain curve. 
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the transverse and longitudinal stress with applied strain is presented in Fig. 3.7(c). The 

longitudinal stress first increases with applied strain and then decreases when the film 

starts yielding. At larger strains, the longitudinal stress increases with applied strain and 

is equal to half of the transverse stress, as expected for plane-strain plastic deformation. 

The dip in the longitudinal stress evolution curve arises because of the relatively high 

biaxial residual stress in the membrane: at first, the longitudinal stress is greater than half 

the transverse stress and decrease until its value is half the transverse stress. At this point, 

it starts to increase along with the transverse stress due to work hardening. When the 

residual stress is below a critical level, no such dip is observed. The equivalent uniaxial 

stress–strain curve is plotted in Fig. 3.7(d). The strain-hardening exponent obtained for 

this curve is 0.36 , which is close to the value for bulk Cu [92]. 

The above analysis was verified using the finite element method. The film 

thickness and membrane geometry were taken identical to the tested sample. 

Experimental values for elastic (M =130GPa) and plastic [Fig. 3.7(d)] properties were 

used as input for the material behavior in the FEM simulation. Poisson’s ratio was taken 

to be 0.33. The pressure–deflection curve obtained from FEM is found to be in good 

agreement with the experimental data [Fig. 3.8(a)]. The load-deflection data obtained 

from FEM is then converted to a plane-strain stress–strain curve using equations (3.7). 

Figure 3.8(b) compares this stress–strain curve with the experimental curve. The 

agreement between numerical and experimental results is excellent and validates the 

experimental data analysis. 
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Figure 3.8: Parallel FEM analysis for the experimental data: (a) The pressure–deflection 

curve obtained with FEM is in good agreement with the experimental curve; (b) The 

corresponding plane-strain stress–strain curves are compared with the “input” plane-

strain behavior. 

 

 

3.6 Summary 

We have used the finite element method to analyze the plane-strain bulge test as a 

technique for measuring the mechanical properties of thin films, with a particular 

emphasis on the effects of sample aspect ratio, strain-hardening exponent, and residual 

stress. It is found that the analytical stress and strain formulae used to analyze the bulge 

test are highly accurate and that the plane-strain condition is well satisfied for all 
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materials with strain-hardening exponents ranging from 0 to 0.5, as long as the membrane 

aspect ratio is 4 or greater. The residual stress affects mainly the elastic deflection of the 

membrane and changes the initial point of yield in the plane-strain stress–strain curve, but 

there is little or no effect on the rest of the stress–strain curve. The effect of the residual 

stress can be completely eliminated by converting the plane-strain curve into its 

equivalent uniaxial relationship (the von Mises stress–strain curve). The technique was 

applied to an electroplated Cu film. Si micromachining techniques were used to fabricate 

freestanding Cu membranes. Experimental results for the Cu film are in good agreement 

with the numerical analysis. 

 

 



 

 

 

 

Chapter 4 

The mechanical properties of freestanding 

electroplated Cu thin films † 
 

 

 

4.1 Objective and overview 

In this chapter, we systematically investigate the effects of microstructure on the 

mechanical properties of freestanding electroplated Cu thin films. Cu films with thickness 

ranging from 0.9 – 3.0 µm were prepared by means of electroplating followed by proper 

heat treatments. The film microstructure was characterized as a function of film thickness 

and heat treatment. The mechanical properties were determined from the stress–strain 

curves measured using the plane-strain bulge test. The effects of film thickness, grain size, 

and crystallographic texture on the mechanical properties are quantitatively evaluated.  

                                                 
† Based on "The mechanical properties of freestanding electroplated Cu thin films", Y. 

Xiang, T.Y. Tsui, and J.J. Vlassak, Acta Mater., in review (2005). 
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4.2 Experimental 

Silicon wafers with (100) orientation were coated on both surfaces with 80 nm of 

Si3N4 using low-pressure chemical vapor deposition (LPCVD). Prior to the Cu plating 

process, a 20 nm TaN adhesion layer and a thin Cu seed layer were sputter deposited onto 

the Si3N4 coating. Cu films with thickness ranging from 0.9 to 3.0 μm were electroplated 

using a commercial plating process [30]. Immediately after the electroplating process, the 

Cu films have a grain size on the order of a few tens of nanometers. As-plated films 

recrystallize spontaneously at room temperature over a period of a few hours to several 

days. This is a phenomenon commonly observed for electroplated films [30-33]. In this 

work, only fully recrystallized films were investigated. These films will be called “as-

deposited films”. In order to increase the grain size, half of the films were annealed for 

one hour in a vacuum furnace (~10-7 Torr) at 600 oC. These films will be referred to as 

“annealed films”. As listed in Table 4.1, six sets of samples were prepared for this study. 

The microstructure of the Cu films was characterized using focused ion beam 

microscopy (FIB) in a FEI DualBeam FIB/SEM DB235 system. Plan-view transmission 

electron microscope (TEM) samples were prepared and the sub-grain structure of the 

films was characterized in a Philips TEM Model 420T before and after deformation. The 

crystallographic texture of the films was determined with x-ray diffraction (XRD) in a 

Siemens D5000 diffractometer [30]. The surface topology was analyzed using scanning 

electron microscopy (SEM) in the FEI DualBeam system and with atomic force 

microscopy (AFM) in a Nanoscope IIIA Multimode STM (Digital Instruments).  
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The stress–strain curves of these films were measured by means of the plane-

strain bulge test. The Cu films were tested at a nominal constant strain rate of 1.3×10-6 s-1. 

Partial unloading cycles were imposed to extract the elastic properties of the films. All 

films were loaded until final rupture. 

 

 

4.3 Results 

4.3.1 Microstructural characterization 

Table 4.1 summarizes key microstructural information for the Cu films in this 

study. The grain structure of both as-deposited and annealed films is shown in the FIB 

micrographs in Fig. 4.1. As is evident from the micrographs in Figs. 4.1(a) – (c), as-

deposited films have a very high incidence of twining. The films show evidence of 

abnormal grain growth and a few <100> grains as large as 6-8 μm are observed. If only 

regular grain boundaries are counted, the average grain size is approximately 1.9 μm in 

all as-deposited films independent of film thickness. However, if twin boundaries are 

counted as grain boundaries, the average grain size is much smaller and scales with film 

thickness. The average grain sizes obtained using both approaches are tabulated in Table 

4.1. After annealing at 600 oC for one hour, normal grain growth is observed in all films 

[Figs. 4.1(d) – (f)]. The average grain size of the annealed films increases significantly 

with film thickness [Table 4.1]; abnormal grains grow only slightly to a size of 

approximately 8-9 μm. 
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The orientation distribution functions (ODF) of the films were calculated from the 

XRD data [30] following the methodology described in [122]. They are presented in Fig. 

4.2 for both as-deposited and annealed films. The as-deposited films generally have 

textures with distinct <111>, <100>, and <110> fiber components in addition to a 

significant fraction of randomly oriented grains. The texture of the thinnest films is 

dominated by a sharp <111> fiber component, but this component decreases with 

increasing film thickness, while the random texture component increases. The volume 

fraction of the <111> component calculated from the ODFs is listed as a function of film 

thickness in Table 4.1. Annealing does not produce significant changes in the texture. 

Only a slight weakening of the <111> texture in the thinner films was observed [Table 

4.1]. 

 

Table 4.1: Summary of results. 

Mean grain size (μm)  
Film set 

Film 
thickness h 

(μm) Regular grain Twin 
Fraction of 

<111>texture 

Plane-strain 
modulus 

(GPa) 

0.2%-σy 
(MPa) 

0.9 1.82 ± 0.57 0.41 ± 0.02 58 154 ± 5 294.9 ± 1.3 
1.8 1.91 ± 0.09 0.53 ± 0.01 42 143 ± 4 265.5 ± 1.6 As-

deposited a 
3.0 1.95 ± 0.37 0.65 ± 0.18 30 135 ± 5 252.3 ± 1.2 
0.9 2.99 ± 0.18 0.98 ± 0.14 52 N/A c N/A c 
1.8 3.00 ± 0.43 1.34 ± 0.34 40 138 ± 3 161.1 ± 5.3 Annealed b 
3.0 6.13 ± 0.38 2.47 ± 0.3 31 119 ± 6 119.6 ± 4.8 

a After spontaneous recrystallization at room temperature;  

b Anneal condition: 600 oC at 10-7 Torr for 1 hr;  

c The annealed 0.9 µm films broke at an early stage during the bulge test. 
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Figure 4.1: Focused ion beam (FIB) micrographs showing the grain structure of as-

deposited [(a), (b), and (c) for h = 0.9, 1.8, and 3.0 μm, respectively] and annealed [(d), 

(e), and (f) for h = 0.9, 1.8, and 3.0 μm, respectively] Cu films. 
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Figure 4.2: The orientation distribution function (ODF) of as-deposited [(a), (b), and (c) 

for h = 0.9, 1.8, and 3.0 μm, respectively] and annealed [(d), (e), and (f) for h = 0.9, 1.8, 

and 3.0 μm, respectively] Cu films as a function of the three Euler angles. 
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The plan-view TEM images in Fig. 4.3 reveal the microstructure of some of the 

films before and after deformation. The micrographs in Figs. 4.3(a) and 4.3(b) are for an 

as-deposited 1.8 μm film before deformation. The film is polycrystalline with many 

growth twins [Fig. 4.3(a)], confirming the FIB results. At higher magnification [Fig. 

4.3(b)], areas with much smaller grains can be observed. Presumably, these areas did not 

fully recrystallize after the electroplating process. It should be noted that this morphology 

is distinctly different from the porous sub-grain structure composed of agglomerated 

spheroids observed by Read et al. in Cu electrodeposits [97]. Figure 4.3(c) shows a 

micrograph of a 1.8 μm film after annealing. The heat treatment results in a significant 

increase in grain size. In some grains, a high density of slip traces is observed [Fig. 

4.3(c)]. These slip traces form in the annealed films because of the thermal mismatch 

between film and substrate when the samples are cooled down after annealing. Annealed 

films are subjected to a strain of approximately 0.7% during cooling and they have 

consequently a relatively high dislocation density. Figure 4.3(d) shows a typical 

micrograph for an annealed 3.0 μm film after deformation to approximately 3% of plastic 

strain. High dislocation densities are found in most grains of the deformed film.  

While as-deposited films have a smooth surface, annealed films show significant 

topography near the grain boundaries. Figure 4.4 presents AFM results for the surface 

morphology of annealed 1.8 μm [Figs. 4.4(a) and 4.4(b)] and 3.0 μm [Figs. 4.4(c) and 

4.4(d)] films. A significant degree of grooving and hillocking is observed along high-

angle grain boundaries in both films [Figs. 4.4(a) and 4.4(c)]. Thicker films have deeper 

and better-defined grain boundary grooves than thinner films. Cross-sectional depth 
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Figure 4.3: TEM micrographs showing the grain structure of a 1.8 μm untested Cu film 

before [(a) and (b)] and after [(c)] annealing, and a 3.0 μm annealed Cu film after the 

bulge test [(d)]. 
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(c) (d) 

Figure 4.4: AFM results showing grain boundary morphology of annealed 1.8 μm [(a) 

and (b)[ and 3.0 μm [(c) and (d)] Cu films. (a) and (c): Plan-view in deflection mode; (b) 

and (d): Cross-sectional profile showing the extrusion heights and groove depths. 
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profiles are shown in Fig. 4.4(b) and 4.4(d). Deep grooves along the grain boundary are 

often accompanied with hillocks on either side of the grain boundary, suggesting a mass 

flux from the grain boundaries to the film surface during annealing [123]. The average 

depth of the grooves is approximately 40 nm for the 1.8 μm film and 190 nm for the 3.0 

μm film. Similar observations on grain boundary morphological changes in annealed Cu 

films have been reported by Joo et al. [124]. 

 

4.3.2 Mechanical properties 

Typical stress – strain curves for as-deposited and annealed Cu films are 

presented in Fig. 4.5. No data for the annealed 0.9 μm films were obtained because the 

membranes fractured early in the test. A maximum strain of approximately 4.5% was 

obtained for the annealed 3.0 μm films (only the first 1.5% is shown in Fig. 4.5). The 

residual stress in the films is on the order of 100 MPa before annealing and decreases 

after the heat treatment. The plane-strain modulus, M=E/(1-ν2), where E is Young’s 

modulus and ν Poisson’s ratio, is obtained from the slopes of the unloading curves and is 

plotted as a function of the film thickness in Fig. 4.6 for both as-deposited and annealed 

films. Before annealing, the plane-strain modulus varies from 138 to 151 GPa with 

decreasing film thickness. Annealing results in a slight decrease of the stiffness of the 

films. For reference, the plane-strain modulus of bulk, polycrystalline Cu is 

approximately 136 GPa [125]. As-deposited, thicker films have a more gradual transition 

from elastic to plastic behavior compared to thinner films. For the same thickness, 
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annealing leads to a much sharper transition in all films. After the films yield completely, 

there is no significant difference in the strain-hardening behavior of as-deposited and 

annealed films. In this study, the plane-strain yield stress, σy is defined at an offset plastic 

strain of 0.2%. The corresponding values are tabulated in Table 4.1 and are plotted as a 

function of film thickness in Fig. 4.7(a). The yield stress increases slightly with 

decreasing film thickness and drops significantly after annealing.  

 

 

 

Figure 4.5: The plane-strain stress–strain curves of freestanding electroplated Cu films. 
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Figure 4.6: The variation of stiffness with film thickness and heat treatment. 

 

  

(a) (b) 

Figure 4.7: The plane-strain yield stress (a), the resolved shear stress (b) and the plane-

strain Taylor factor (b) as a function of film thickness and heat treatment. 
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4.4 Discussion 

4.4.1 Elastic modulus 

The stiffness of the Cu films increases with decreasing film thickness for both as-

deposited and annealed films. This variation is related to the change in crystallographic 

texture of these films since Cu is an elastically anisotropic material with a stiffness that is 

strongly orientation dependent. For example, the theoretical plane-stain modulus of Cu 

films with a pure <111>-, <110>- and <100>-fiber texture can be calculated from the 

single-crystal elastic constants of bulk Cu to be 181 GPa, 156 GPa and 99 GPa, 

respectively. With reference to Table 4.1, the <111>-fiber texture component is present in 

all films, and the volume fraction of this component increases with decreasing film 

thickness. Thus, one would expect the modulus of the Cu films to increase with the 

volume fraction of the <111>-texture component. To verify this, the theoretical values of 

the plane-strain moduli of these samples were calculated based on the experimental 

orientation distribution functions (see Fig. 4.2) using the single-crystal elastic constants 

of Cu [126]. The detailed analysis is given in Appendix C and the results are presented in 

Fig. 4.6 together with the experimental data. For comparison, the theoretical plane-strain 

moduli of films with pure <111>- and <100>-fiber textures, which constitute the 

theoretical upper and lower bounds for the plane-strain modulus, are also shown in Fig. 

4.6.  

For the as-deposited films, agreement between experimental and calculated values 

is quite remarkable. After annealing, the plane-strain modulus decreases slightly. This 
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decrease cannot be attributed to the crystallographic texture since the texture of these 

films remains almost unchanged after annealing. One possible explanation for the 

reduced modulus is the severe grain boundary grooving observed after annealing [Fig. 

4.4]. The effect of grain boundary grooving on the stiffness measurement can be 

estimated by modeling the grooves as a periodic array of cracks, as schematically 

illustrated in Fig. 4.8. The details of this analysis are given in Appendix D. Figure 4.9 

presents the effective stiffness as a function of the normalized grain boundary groove 

depth and density. From the figure, it is evident that the reduction in film stiffness due to 

grain boundary grooving is at most 1 – 2%, too small to explain the decrease in stiffness 

upon annealing. A more likely explanation may be found in enhanced anelastic behavior 

of the annealed films. This explanation is indeed supported by experimental results 

obtained by Kalkman and colleagues [96], who used a dynamic bulge test technique to 

demonstrate that the stiffness of freestanding Cu films is frequency-dependent. They 

attributed this observation to aneleastic stress relaxation resulting from grain boundary  

 

 

Figure 4.8: Periodic crack model for grain boundary grooves. 
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Figure 4.9: The normalized effective plane-strain modulus, 0/cM M , as a function of the 

normalized depth, /c h , and density, /h d , of the grain boundary grooves. 

 

sliding. Dislocation bowing is a more likely mechanism in the present case, because the 

annealed films have larger grains than the as-deposited films and they have high 

dislocation densities [Figs. 4.3(c) and 4.3(d)]. 

In our experiments, no modulus deficit was observed. This is consistent with 

measurements by Espinosa et al. [58] on freestanding, sputter-deposited Cu film using a 

membrane deflection technique. Spaepen and colleagues [56, 60] reported an 

approximately 20% reduction in modulus for electron-beam evaporated Cu films using a 

micro-tensile test. They attributed this reduction to incomplete cohesion of the grain 

boundaries during the vapor deposition process. Read et al. [97] reported an even higher 
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(30 – 50%) modulus deficit in electroplated Cu films. In this case, the reduced stiffness 

was attributed to film porosity and plating defects. Based on these studies, it seems that 

the modulus deficit is more related to the film deposition technique and the ensuing 

microstructure rather than an intrinsic thin-film effect. 

 

4.4.2 Stress–strain curves and residual stresses 

Before annealing, the stress–strain curves exhibit a gradual transition from elastic 

to plastic deformation. This gradual transition can be attributed to variations in the 

residual stress between grains. It is indeed well known from micro-diffraction 

experiments that the residual stress state can differ significantly from grain to grain [127]. 

Moreover, as-deposited films have a heterogeneous microstructure with large grains next 

to areas of smaller grains and thus higher yield stress. Consequently, different grains 

yield at different overall stress levels producing a rounded stress–strain curve. Thicker 

films have a wider grain size distribution making the transition more gradual for these  

films.  

Annealed films, by contrast, have a sharp elastic-plastic transition. This is 

explained as follows. After a Cu film is annealed at 600 °C for one hour, the stress in the 

film is more or less fully relaxed due to diffusional processes. When the film is cooled to 

room temperature, a tensile stress develops in all grains due to the thermal mismatch 

between film and substrate. Considering the magnitude of the thermal mismatch strain, 

full plastic flow is expected in all grains. Thus, immediately after cooling, all grains are 

roughly at their yield stress. This stress is relaxed somewhat during the wet etch process 
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as is evident from the stress–strain curves in Fig. 4.5. Consequently, all grains are 

expected to yield at almost the same macroscopic strain with some variation from grain to 

grain resulting from the stress relaxation and the elastic anisotropy of the grains. 

Macroscopically, this results in a sharp transition of the stress–strain curve from the 

elastic regime to the plastic regime. It should be noted that the elastic-plastic transition 

also depends on the crystallographic texture of the films since some grains are oriented 

more favorably for plastic deformation than others. The effect of texture is very small in 

this case, however, because both as-deposited films and annealed films of a given 

thickness have similar textures (see ODFs in Fig. 4.2) and yet sharply different transitions. 

This indicates that the gradual transition for the as-deposited films can be attributed 

mainly to grain-to-grain variations in the residual stress and to the heterogeneity of the 

microstructure. 

 

4.4.3 Yield stress  

Figure 4.7(a) shows the yield stress of the Cu films as a function of film thickness. 

The figure clearly illustrates that the film thickness is not the main parameter determining 

the yield stress of the films. Potential strengthening mechanisms in these Cu films include 

grain boundary strengthening, Taylor hardening, the film thickness effect, the effect of 

crystallographic texture, and possibly solid solution hardening by impurities that were 

introduced in the films during the electroplating process. Strengthening due to the film 

thickness effect can be ruled out in the present study, because the films in this study are 

freestanding and Cu does not form a strong passivating oxide layer. In fact, one might 
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even expect a slight weakening of a freestanding film when the film thickness is on the 

order of the grain size due to a reduction in constraint experienced by each grain. 

Strengthening due to dislocation interactions is also unlikely to be a significant factor, 

because the increase in flow stress due to work hardening in Fig. 4.5 is small compared to 

the reduction in yield stress after annealing. Moreover, the annealed films have a 

relatively high dislocation density. Finally, it is likely that electroplated Cu films have 

small amount of impurities from the electroplating process, but the concentration of 

impurities and the resulting solid solution strengthening should be independent of film 

thickness or heat treatment. Thus, crystallographic texture and grain size are the main 

candidates to explain the observed behavior. These strengthening mechanisms will now 

be examined in more detail.  

The yield stress of polycrystalline films depends on the texture of the films 

because grains with different orientations yield at different levels of stress. In order to 

quantify this effect, the plane-strain Taylor factor was calculated from the experimental 

ODFs for each of the films. Details of the calculation can be found in Appendix E. Figure 

4.7(b) shows the Taylor factor and the corresponding resolved shear stress as a function 

of film thickness. The Taylor factor decreases slightly with increasing film thickness and 

after annealing, but the effect is not nearly strong enough to explain the experimental 

observations: the resolved shear stress varies both with film thickness and with heat 

treatment. 

We now consider the effect of grain boundary strengthening. Figure 4.10(a) 

shows the plane-strain yield stress of the films in a traditional Hall-Petch plot. The 
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correlation with the square root of the grain size is poor with different slopes for annealed 

and as-deposited films. In Fig. 4.10(b), the yield stress is plotted as a function of the 

modified average grain size counting twin boundaries as distinct grain boundaries. The 

yield stress clearly shows Hall-Petch behavior, indicating that twin boundaries act as 

barriers to dislocation motion. Dislocations with Burgers vectors along the intersection of 

the slip planes in the twinned and untwinned sections of the grain can of course propagate 

across the twin boundary. Transmission of dislocations with other Burgers vectors, 

however, requires these dislocations to first dissociate into a non-glissile Frank partial 

dislocation that is left at the twin boundary and a Shockley partial dislocation that can 

propagate through the boundary. The dissociation process is energetically unfavorable 

and requires an elevated stress level before it occurs [65]. This mechanism is confirmed 

by a TEM study of bulk electroplated Cu samples with very high twin densities [35] and 

by in-situ TEM observations of the deformation process in nanocrystalline Cu specimens 

[128]. Thus, twin boundaries can be treated as obstacles to dislocation motion and our 

results suggest that the relevant length scale in the Hall-Petch relationship is the modified 

average grain size where twins are counted as separate grains. It should be noted that the 

difference between the two measures for grain size, and hence the difference between 

Figs. 4.10(a) and (b), is a direct consequence of the high incidence of twinning in these 

films and may not be so obvious for films with fewer twins. The data in Fig. 4.10(b) 

suggest a Hall-Petch coefficient of 0.194 ± 0.011 MNm-3/2. However, in order to make a 

valid comparison with the bulk Hall-Petch coefficient for Cu, the results in Fig. 4.10(b) 

first need to be converted to the equivalent uniaxial yield stress using the procedure given 
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(a) 

 

(b) 

Figure 4.10: The plane-strain yield stress as a function of average grain size ignoring 

twin boundaries (a) and taking twin boundaries into account (b). 
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in Appendix B. The resulting Hall-Petch slope is 0.156 ± 0.008 MNm-3/2, which is in 

good agreement with the value of 0.112 MNm-3/2 observed in tensile testing of bulk Cu 

[129]. It should be noted that the grain sizes used to determine the Hall-Petch coefficient 

for these samples are slightly larger than for equivalent bulk samples with more equiaxed 

grains because of the large aspect ratios of twins. Properly correcting for the aspect ratios 

of the twins further lowers the Hall-Petch coefficient to the bulk value. 

Keller et al. [103] obtained a Hall-Petch coefficient roughly three times larger 

than that of bulk Cu by testing sputter-deposited Cu films on Si substrates using the 

substrate curvature technique. Interpretation of substrate curvature measurements is of 

course complicated by the fact that both temperature and strain are changed 

simultaneously during the measurement. Furthermore, it is difficult to separate the effects 

of grain size and film thickness for films on substrates. This clearly illustrates the 

importance of making measurements on freestanding films. 

 

 

4.5 Summary 

In this chapter, the plane-strain bulge test technique was used to investigate the 

mechanical behavior of freestanding electroplated Cu thin films with an eye on the 

effects of film thickness and microstructure. A small variation of stiffness with Cu 

thickness is observed. This variation is the result of the elastic anisotropy of Cu and the 

changes in the crystallographic texture of the films. The Cu films do not show a modulus 

deficit and experimental moduli agree well with results obtained from single-crystal 
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elastic constants and the appropriate orientation distribution functions. Variations of yield 

stress with film thickness and heat treatment can be directly attributed to corresponding 

changes in the grain size of the films. The measurements indicate that twin boundaries act 

as obstacles to dislocation motion and the yield stress follows typical Hall-Petch behavior 

if twins are counted as distinct grains when determining the grain size. Film thickness 

and crystallographic texture have a negligible effect on strengthening of freestanding Cu 

thin films. 

 



 

 

 

 

Chapter 5 

Length-scale effect in freestanding Cu thin films † 
 

 

 

In the previous chapter, we have recognized the influence of the microstructure on 

the elastic-plastic properties of freestanding electroplated Cu thin films. In the next two 

chapters, we will systematically investigate the dimensional constraint effects on the 

plastic behavior of freestanding thin Cu films that are associated with the presence of 

film-passivation interfaces and the small film thickness. This chapter focuses on the 

effects of surface passivation and film thickness on the yield stress and strain-hardening 

behavior of freestanding Cu thin films with a range of thicknesses and surface passivation 

conditions, while the next chapter discusses the influence of surface passivation and film  

                                                 
† Based on "The effects of passivation layer and film thickness on the mechanical 

behavior of freestanding electroplated Cu thin films with constant microstructure", Y. 
Xiang, J.J. Vlassak, M.T. Perez-Prado, T.Y. Tsui, A.J. McKerrow, in Mater. Res. Soc. 
Sym. Proc. 795, 417-422 (2005) and "Size effect and Bauschinger effect in 
freestanding thin films", Y. Xiang and J.J. Vlassak, Acta Mater., in review (2005). 
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thickness on the reverse plastic behavior on unloading, i.e., the Bauschinger effect.  

 

 

5.1 Objective and overview 

The effect of dimensional constraints on the mechanical behavior of thin films is 

often referred to as the film thickness effect, size effect, or length-scale effect. The 

length-scale effect is a more accurate terminology compared with the other two because 

the constraint effect is significant only when the characteristic length scales of the 

deformation field approach one or more materials length parameters of the films.  

The objective of the work presented in this chapter is to develop a basic 

understanding of the physical origins of the length-scale effect. Several sets of Cu films 

with thickness ranging from 0.34 – 4.2 µm are prepared using either electroplating or 

sputtering. In order to rule out the influence of microstructure, the microstructure of the 

films is controlled such that it is either independent of film thickness or only a weak 

function of film thickness for each set of samples. The stress–strain curves are obtained 

using the plane-strain bulge test technique. The effects of surface passivation, film 

thickness, and grain size on the yield stress and strain-hardening of these films are 

quantitatively evaluated. The experimental results are then compared with calculations 

based on both the strain-gradient plasticity theory and discrete dislocation dynamics [88]. 

Comparison of modeling results with experimental data provides insight in the 

mechanisms controlling plasticity in these films and yield numerical values for the length 

scale in the strain-gradient plasticity. 
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5.2 Experiments 

The stress–strain curves of three sets of freestanding Cu films [Table 5.1] were 

obtained using the plane-strain bulge test technique [59, 65]. 

The first set of samples consisted of electroplated Cu films with thickness varying 

from 1.0 to 4.2 μm, but with constant microstructure [Table 5.1]. These films were 

fabricated by electroplating 5.4 μm Cu films on Si substrates using a commercial plating 

process [99]. Prior to the plating process, the Si substrates were coated with a 80 nm 

Si3N4 film using low-pressure chemical vapor deposition, a 20 nm TaN adhesion layer 

using reactive sputtering, and a Cu seed layer using magnetron sputtering. The 

electroplated films were annealed at 400°C for 15 minutes in vacuum to obtain a uniform 

and stable microstructure. The films were subsequently thinned to the desired thickness 

by means of chemical mechanical planarization (CMP). Further details of the materials 

preparation process can be found in [99]. Freestanding Cu membranes were fabricated by 

opening long rectangular windows in the substrate using Si micromachining techniques 

[65] and by etching the exposed Si3N4 and TaN coatings using a CF4 reactive plasma. 

Some of the membranes were passivated by sputter coating 20 nm Ti onto either one 

surface or both surfaces of the freestanding Cu membranes. For these films, the effect of 

microstructure on the mechanical properties is completely ruled out; comparison of the 

stress–strain curves for these films reveals the effects of passivation and film thickness. 

The second set of samples consisted of electroplated Cu films of a single 

thickness (1.8 μm) but different Ti passivation thicknesses. The sample preparation  
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Table 5.1: Summary of experimental results. 

Film set Thickness 
h (μm) 

Average grain  
size a) d (μm) h/d Passivation b) Yield stress c)

σy (MPa) 
20 nm Ti 181.8 ± 3.5 4.20 ± 0.05 1.50 ± 0.05 2.80 ± 0.13 no 175.5 ± 3.7 
20 nm Ti 212.6 ± 4.5 1.90 ± 0.05 1.51 ± 0.04 1.26 ± 0.07 no 200.2 ± 4.1 
20 nm Ti 250.8 ± 5.4 

1st set  
Electroplated 

1.00 ± 0.05 1.50 ± 0.05 0.67 ± 0.04 no 200.5 ± 4.2 
no 302.3 ± 3.0 

20 nm Ti 328.1 ± 3.3 
30 nm Ti 355.1 ± 3.2 
40 nm Ti 349.7 ± 3.6 

2nd set 
Electroplated 1.75  ± 0.05 N/A N/A 

50 nm Ti 333.4 ± 3.5 
yes 335.5 ± 16.80.89 ± 0.01 0.46 ± 0.02 1.93 ± 0.11 no 250.3 ± 12.5
yes 373.6 ± 16.70.67 ± 0.01 0.46 ± 0.01 1.43 ± 0.05 no 266.1 ± 13.3
yes 434.6 ± 21.70.61 ± 0.01 0.54 ± 0.02 1.14 ± 0.06 no 299.7 ± 15.0
yes 611.7 ± 30.60.44 ± 0.01 0.39 ± 0.01 1.13 ± 0.05 no 346.6 ± 17.3
yes 695.5 ± 34.8

3rd set 
Sputtered 

0.34 ± 0.01 0.33 ± 0.01 1.06 ± 0.06 
no 365.6 ± 18.3

a)  The average grain size was determined by the intercept method with twins counted 

as separate grains.  

b)  The passivation is 20 – 50 nm (as specified in the Table) Ti on both surfaces for 

electroplated films and 20 nm TaN/80 nm Si3N4 on one surface for sputtered films.  

c)  The yield stress is defined at 0.35% plastic strain for 2nd set of samples and at 0.2% 

plastic strain for all other films. 
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method is same as that for the first set of films except that the thickness of the as-plated 

Cu films was 1.8 μm and no CMP process was needed. The freestanding Cu membranes 

were passivated by sputtering 20 – 50 nm Ti on both surfaces of the membranes. This set 

of samples is useful to investigate the influence of varying surface constraints on material 

strengthening. 

The third set of samples consisted of sputter-deposited Cu films with thicknesses 

ranging from 0.34 to 0.89 μm. For each thickness, Cu was sputtered directly onto 

freestanding bilayer membranes that consisted of 80 nm of Si3N4 and 20 nm of TaN. 

Immediately prior to the Cu deposition, the TaN surface of the membranes was sputter-

cleaned in-situ using an Ar plasma. After deposition, all membranes were annealed in 

vacuum to increase the grain size of the films. Annealing temperatures were selected to 

ensure that the membranes would not buckle during the annealing step as a consequence 

of the differential thermal expansion between the membrane and the Si frame. The 

resulting grain sizes were measured using transmission electron microscopy and are listed 

in Table 5.1. For some samples, the Si3N4/TaN layer was etched away using reactive ion 

etching (RIE) in order to create freestanding Cu membranes. Other samples were tested 

as annealed without removing the Si3N4/TaN layer.  

The reason for leaving the thin Si3N4/TaN layer in place was twofold: First, the 

Si3N4/TaN layer served to passivate one of the surfaces of the Cu film by blocking 

dislocations from exiting the film. Comparison of the stress–strain curves of these films 

with those of the freestanding Cu films provides information on the effect of a free 

surface or interface on the mechanical behavior of thin films. The second reason for 
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leaving the Si3N4/TaN layer in place was that this layer makes it possible to alternate the 

direction of plastic flow in the Cu film during a bulge test experiment as described in 

detail in the next chapter. The contribution of the TaN/Si3N4 coating to the stress–strain 

curve is readily determined by bulge testing the membrane after the Cu film has been 

dissolved in dilute nitric acid. 

From the third set of experiments, both the length-scale and the Bauschinger 

effects are quantitatively evaluated. The length-scale effect results are compared with the 

other two sets of sample, while the Bauschinger effect results will be discussed in detail 

in the next chapter. 

 

 

5.3 Experimental results 

 

5.3.1 Microstructure 

The grain structure of the first set of samples was characterized using both 

focused ion beam (FIB) microscopy and cross-section transmission electron microscopy 

(TEM). The electroplated Cu films have high incidence of twins, e.g., Fig. 5.1(a). Since 

twin boundaries are effective internal obstacles to dislocation motions [35, 130], the 

average grain size in the plane of the film was determined by the intercept method with 

twins counted as separate grains. As listed in Table 5.1, the average grain size of these 

films is 1.5 µm independent of film thickness. By contrast, if regular grains are counted, 
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the average grain size of the films varies from 2.5 to 3.0 µm. Furthermore, X-ray 

diffraction (XRD) shows that the crystallographic texture of the films is also independent 

of thickness. A typical orientation distribution function is shown in Fig. 5.1(b). The 

texture is formed with distinct <111>, <110>, and <100> fiber components as well as a 

randomly oriented component. Cross-section TEM [Fig. 5.2] reveals that the thinnest 

electroplated films have a grain size on the order of the film thickness with grain 

boundaries traversing the entire film [Fig. 5.2(a)]; thick films typically have more than 

one grain through the thickness [Fig. 5.2(b)]. This is not surprising given that the average 

grain size of the electroplated films is approximately one third the thickness of the 

thickest film. The grain size of the second set of electroplated Cu films was also 

determined from FIB micrographs and is listed in Table 5.1. Figure 5.2(c) presents a 

TEM micrograph of an electroplated film with a Ti passivation layer that was deformed 

in the plane of the film. A 50 nm region of high dislocation density can be observed near 

the Cu/Ti interface, indicating that this interface prevents dislocations from exiting the 

film, which has important consequences for the plastic response of the film. 

The grain structure of the sputter-deposited films was characterized using TEM. 

Figure 5.3 shows typical plan-view TEM micrographs for the thinnest (0.34 μm) and the 

thickest (0.89 μm) films. These films have a columnar grain structure with equi-axed 

grains in the plane of the film. The grain size of the sputtered films is found to be a weak 

function of film thickness [See Table 5.1]. The crystallographic texture may also vary 

slightly with film thickness, but the results in the previous chapter show that texture has a 

limited effect on the yield stress of the films [130]. 
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(a) 

 

(b) 

Figure 5.1: The FIB micrograph (a) and the orientation distribution function (b) for an 

electroplated 1.9 µm Cu film. 
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(a) (b) 

 

(c) 

Figure 5.2: Cross-section TEM micrographs of electroplated Cu films after deformation 

showing: (a) Grain size on the order of the film thickness for a 1.0 µm film; (b) More 

than one grain across the film thickness for  a 4.2 µm film; (c) A region of high 

dislocation density at the Cu-Ti interface in a 1.8 µm passivated film. 
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(a) 

 

(b) 

Figure 5.3: Typical plan-view TEM micrographs showing the grain structure for Cu 

films of 0.34 (a) and 0.89 (b) µm. 
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5.3.2 Stress–strain curves 

Typical stress–strain curves for the first set of electroplated Cu films are presented 

in Fig. 5.4. Figure 5.4(a) shows the effect of the Ti passivation layer on the stress–strain 

curve of a 1.0 μm Cu film, while Figure 5.4(b) illustrates the effect of film thickness for 

films with both surfaces passivated by 20 nm Ti. For a given film thickness, the 

passivation layer clearly increases the work hardening rate of the film. Furthermore, the 

stress–strain curves of passivated films show a strong dependence on film thickness, even 

when the microstructure of the films is unchanged. This needs to be contrasted with the 

behavior of unpassivated films, which shows little or no variation with films thickness 

(See Table 5.1). 

Figure 5.5 presents the stress–strain curves for the second set of electroplated Cu 

films. The thickness of the Ti passivating layer varies from 20 – 50 nm. It is evident that 

the presence of passivation layer increases the hardening rate and flow stress of the film 

distinctly, no matter what the thickness is. With the increasing Ti thickness, the flow 

stress and hardening rate of the film first increases and reaches a maximum at Tih = 30 nm. 

Figure 5.6 shows typical stress–strain curves for sputter-deposited films [Figs. 

5.6(a) – (e) for 0.34 – 0.89 μm films, respectively]. It should be noted that all figures are 

plotted with the same scale. For each thickness, the curves for films both with and 

without TaN/Si3N4 passivation are shown. For all thicknesses, films with passivation 

show significantly more work hardening than unpassivated films. Moreover, films with 

passivation are deformed in compression at the end of the last few unloading cycles 

except for the thinnest one [Fig. 5.6(a)]. All unloading/reloading cycles for these 
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Figure 5.4: Stress–strain curves of the first set of electroplated Cu films. (a) The effect of 

passivation for 1.0 µm films. (b) The effect of film thickness for 1.0 – 4.2 µm films with 

both surfaces passivated by 20 nm Ti. All curves are offset by the equi-biaxial residual 

strains in the films, as represented by the dashed line starting from the origin. 

 

(a) 

(b) 
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Figure 5.5: The stress–strain curves of 1.8 µm electroplated Cu films (2nd set) with both 

surfaces passivated by 20 – 50 nm Ti. All curves are offset by the equi-biaxial residual 

strains in the films, as represented by the dashed line starting from the origin. 

 

 

  

(a) h = 0.34 µm (b) h = 0.44 µm 
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(c) h = 0.61 µm (d) h = 0.67 µm 

 

 

(e) h = 0.89 µm 

Figure 5.6: Typical stress–strain curves for unpassivated (dotted curves) and passivated 

(solid curves) Cu films: [(a) – (e)] for 0.34 – 0.89 µm films, respectively. All curves are 

plotted at the same scale and are offset by the equi-biaxial residual strains in the films, as 

represented by the dashed line starting from the origin. 
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passivated film show significant hysteresis with reverse plastic flow occurring even when 

the overall stress in the film is still tensile. By contrast, films without passivation show 

little or no reverse plastic deformation when fully unloaded. In other words, passivated 

films show a strong Bauschinger effect, while unpassivated films do not. 

 

5.3.3 Yield stress  

Table 5.1 lists the yield stress for all films tested. Figure 5.7 presents the yield 

stress as a function of reciprocal film thickness for both passivated (filled symbols) and 

unpassivated (open symbols) films. The yield stress is defined at 0.2% offset strain. The 

vertical dash-dot line separates the data of the first set of electroplated Cu films and that 

of the sputter-deposited Cu films. It is noticed that for films with thickness below 1 μm, 

the yield stress of passivated films rises much more rapidly than for the thicker films, 

even though the latter have passivation on both sides. There are two possible explanations. 

It is possible that the Ti coating does not provide as strong a barrier to dislocation motion 

as the TaN/Si3N4 layer, since the latter is stiffer and does not deform plastically. 

Alternately, it is possible that the effect of the passivation layer indeed increases rapidly 

with decreasing film thickness independent of the precise nature of the passivating layer. 

Both explanations will be explained in more detail later in this chapter. There is a slight 

dependence on film thickness for sputter-deposited films without passivation. This is the 

result of Hall-Petch hardening, since the grain size of these films decreases with 

decreasing film thickness [Table 5.1]. By contrast, for electroplated films without 

passivation, the yield stress shows little or no variation with film thickness, since the  
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Figure 5.7: Yield stress as a function of reciprocal film thickness for both passivated 

(filled symbols) and unpassivated (open symbols) Cu films. The data for sputter-

deposited and electroplated Cu films are separated by a vertical dash-dot line. 

 

 

Figure 5.8: The yield stress of unpassivated films is correlated with the average grain 

size through a distinct Hall-Petch behavior. The data agree remarkably well with the 

results [open circles] for freestanding electroplated films investigated in Chapter 4. 



5.3 Experimental results 93 

grain size of these films is a constant [Table 5.1]. This can be better appreciated by 

plotting the yield stress of unpassivated films as a function of the reciprocal square root 

of the average grain size in Fig. 5.8. Also plotted are the data (open circles in Fig. 5.8) for 

freestanding electroplated Cu films in Chapter 4 and a linear fit (the solid line in Fig. 5.8) 

of the Hall-Petch relationship to the current set of data. The Hall-Petch slope is 0.19 

MPam-3/2, which is identical to the value obtained in Chapter 4. It is evident that the three 

sets of experimental results agree remarkably well with each other independent of film 

deposition methods. This agreement also suggests that impurities in both sets of 

electroplated Cu films do no affect the yield stress significantly. 

Figure 5.9 presents the yield stress as a function of the thickness of Ti passivation 

coatings for the 1.8 µm Cu films. The increase of the yield stress is significantly larger 

than the contribution of the Ti coatings even when assuming they deforms only 

elastically, as represented by the dashed line in Fig. 5.9. The figure clearly shows the 

strengthening effect of the Ti surface passivation. This strengthening effect is consistent 

with the formation of boundary layers of high dislocation density nearer the Cu-Ti 

interfaces due to the constrained dislocation motions, as suggested by Nicola et al. [76]. 

The interface constraint is certainly affected by the mechanical properties and thickness 

of the passivation layer. Figure 5.9 shows that the yield stress increases with increasing 

Ti thickness and reaches a maximum at Tih = 30 nm. We attribute this effect to an 

increasing constraint on dislocation motion at the Cu-Ti interface as the Ti thickness 

increases. The decrease of the yield stress above Tih = 30 nm is likely due to plastic 

deformation or cracking of the Ti coatings, which would relax the constraint on  
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dislocation motion near the Cu-Ti interface. 

 

 

Figure 5.9: Yield stress as a function of the passivation layer thickness for 1.8 µm 

electroplated films. The dashed line represents the contribution of the Ti layers if there is 

no plastic deformation in Ti. 

 

 

5.4 Strain-gradient plasticity calculations 

In this section, we pursue the suitability of the strain-gradient plasticity (SGP) 

theories to explain of the experimental results. This is motivated by the fact that the 

presence of passivating layers causes constrained plastic deformation at the film-

passivation interface, which naturally leads to plastic strain gradients in the passivated 

films.  
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5.4.1 The strain-gradient plasticity 

One of the recognized sources of size-dependent plasticity at the micron scale is 

the presence of plastic strain gradients that increase the plastic flow resistance. This 

feature cannot be captured by classical plasticity theories. Strain-gradient plasticity 

theories are thus developed by introducing one or more material length parameters into 

the classical theories. These length parameters set the characteristic dimensions of the 

deformation field at which the contribution of plastic strain gradients to work hardening 

is comparable to that of plastic strains. The work hardening due to dislocation 

interactions is quantified by the empirical Taylor equation, which relates the flow stress 

to the total dislocation density in the material. Dislocations are typically divided into so-

called statistically stored dislocations (SSDs) and geometrically necessary dislocations 

(GNDs). These two types of dislocations are physically indistinguishable in a crystal and 

contribute to the Taylor hardening in the same way, i.e., both types of dislocations are 

internal obstacles to gliding dislocations. Generally, only SSDs contribute to the 

macroscopic plastic strains in the material, while GNDs are often associated with a net 

Burgers vector in a given volume, which naturally leads to plastic strain gradients.  

The strain-gradient plasticity theories in the literature are typically categorized in 

different types depending on how plastic strain gradients are incorporated into the 

theories. In this chapter, we choose the stretch and rotation version of the strain-gradient 

plasticity theory proposed by Fleck and Hutchinson [73]. The Fleck-Hutchinson theory is 

a generalization of classical 2J  theory in both flow and deformation versions. The 

dependence on the gradients of plastic strains is incorporated by introducing a 
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generalized effective plastic strain, which is a weighted function of the conventional 

effective plastic strain and three independent invariants of the plastic strain gradient 

tensor. Three material length parameters ( 1 , 2 , and 3 ) enter the coefficients of the 

three independent invariants in the expression of the generalized effective plastic strain. 

These length parameters characterize the contributions of both stretch and rotation 

gradients of plastic strains to the plastic flow resistance. Particularly, 2  and 3  

determine the contribution of rotation gradients, while 1  reflects the contribution of both 

stretch and rotation gradients. The essence of the Fleck-Hutchinson theory is that the 

generalized effective plastic strain is used as a phenomenological measure of the total 

dislocation density resulting from plastic strains (SSDs) and their gradients (GNDs) and 

that both types of dislocations increase the plastic flow resistance in the same way. 

 

5.4.2 Problem formulation 

The plastic response of a homogeneous, isotropic thin film in the bulge test 

configuration is analyzed using the flow version of the Fleck-Hutchinson theory [131]. 

Figure 5.11 schematically illustrates the cross-section of the film. The plastic flow is 

constrained at the bottom surface of the film due to the presence of a rigid passivation 

layer. We choose a Cartesian coordinate system with the origin at the film-passivation 

interface and with three axes along the three principal stress directions (cf. Fig. 3.1). The 

film is subjected to plane-strain tension with the strain rate along the longitudinal 

direction, 22ε , equal to zero. Moreover, since the pressure applied to the film is much  
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Figure 5.10: Schematic illustration of the cross-section of a thin film under plane-strain 

tension. The bottom surface of the film is passivated by a rigid layer. 

 

smaller compared to the in-plane stress, the stress rate normal to the film surface, 33σ , 

can be taken equal to zero. In order to avoid mathematical complexity, elastic strains are 

ignored in the following derivation. This simplification has negligible influence for 

calculations in the plastic regime [73]. The plastic strain rate components are functions of 

3x z≡  only and the nonzero components can be expressed in terms of the unknown 

conventional effective plastic strain rate, pε , 

( ) ( ) ( )11 33
3

2
p p

pz z zε ε ε= − = , (5.1) 

where 2 / 3p p
p ij ijε ε ε= . The generalized effective plastic strain rate, pE , is found to be  

2 22 2 2 2 2 2
1 3

1 8
2 3p p p p pE ε ε ε ε⎛ ⎞ ′ ′= + + = +⎜ ⎟

⎝ ⎠
, (5.2) 

where ( ) ( )d
dz

′ ≡ , 1  and 3  are the material length parameters originally defined in 
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[73], and 2 2
1 3

1 8

2 3
= +  is an effective length parameter that sets the scale at which the 

contribution of the gradients term is important to the generalized effective plastic strain 

rate. The second material length parameter, 2 , does not enter the expression implying 

that rotation gradients are not important in current problem. The stress rate components 

are given in terms of the conventional equivalent stress rate, eσ , 

11 22 33
22 , 0
3 eσ σ σ σ= = = . (5.3) 

where 2 / 3e ij ijs sσ = , with ijs  the stress deviator. The constitutive equation for strain-

gradient plasticity is given as 

( )2( ) ( )e p p p pE Eσ ε ε ′′= − ,  (5.4) 

where ( )pE  is the tangent hardening quantity of the uniaxial tensile stress–strain curve, 

( ) /p pd dσ ε ε , evaluated at the generalized effective plastic strain rate, pE . In the 

calculations, the uniaxial tensile stress–strain data of the film need to be used as input to 

the formulation and we take the Ramberg-Osgood curve, 

0
0 0 0 0

1 or ,      with    
n N

p N
n

εε σ σ σ σ
ε σ σ ε

⎛ ⎞ ⎛ ⎞
= + = =⎜ ⎟ ⎜ ⎟

⎝ ⎠ ⎝ ⎠
, (5.5) 

where 0ε  and 0σ  are the yield strain and yield stress, respectively; 0 0 / Eε σ=  and E  is 

Young’s modulus. Thus ( )pE  is equal to 1
0( / )N

pNE E ε − . For convenience, the strain 

and stress rates are normalized by 0ε  and 0σ , where corresponding variables are labeled 

with a hat  ;  and z  are normalized by the film thickness, h , with /L h= , /x z h= , 
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and ( ) ( )1d d
dz h dx

= . For simplicity, from now on we denote ( ) ()d
dx

′ ≡ . Substituting 

1
0( ) ( / )N

p pE NE E ε −=  into Eq. (5), we find 

( )21 2 1N N
e p p p pNE L NEσ ε ε− − ′

′= − , (5.6) 

where ( )1/ 222 2
p p pE Lε ε ′= +  is the normalized effective plastic strain rate from Eq. (5.2). 

From Eqs. (2) and (4) and noticing that 11 11 11
e pε ε ε= − , the effective stress rate can be 

related to the applied strain rate, 11ε , and the unknown conventional effective strain rate, 

pε , 

( ) ( )11 11 11 11 112 2 2
3 3 3 3 3

2 22(1 ) 2(1 ) 2(1 )
e p

e pν ν ν
σ σ ε ε ε ε ε

− − −
= = = − = − . (5.7) 

We denote 1 2,p py yε ε ′= =  and reduce Eqs. (7) to the following dimensionless ordinary 

differential equations 

1 2 2 ;   A By y y
C
−′ ′= = , (5.8) 

where ( )1
2

1 N
p e pA E

L
ε σ −= − , 2

2

1
p p

p

NB
E

ε ε− ′= , and ( )22

2

1 1p

p

NC L
E

ε− ′= + . The boundary 

conditions are 

1 0 0 2 1 10;            0x p x x p xy yε ε= = = =′= = = = . (5.9) 

Here the constraint on plastic flow at the film-passivation interface ( 0x = ) is enforced, 

while at the free surface ( 1x = ) there is no plastic strain gradient. This boundary value 

problem [Eqs. (5.8) and (5.9)] can be incrementally solved to obtain the stress–strain 
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curve using numerical methods, e.g., using the built-in ordinary differential function 

solver, bvp4c.m, in Matlab. 

For films with both surfaces passivated, the boundary condition (5.9) needs to be 

modified to  

1 0 1 1 0x xy y= == = , (5.10) 

while all other equations remain the same. 

 

5.4.3 Numerical results 

The stress–strain curves of the third set of samples are calculated using the SGP 

formulation in the previous section, where the hardening exponent N of unpassivated 

films is an input parameter. N is a constant for all thicknesses in the calculations. Since 

the stress–strain curves of unpassivated films can be best fitted with an N between 0.1 

and 0.15, the upper and lower limits of the stress–strain curve will be calculated using the 

two limit values of N. Figure 5.11 (a) presents the typical results for films with 0.1N =  

and with one surface passivated. The size effect is clearly shown in the stress–strain 

curves: the flow stress and hardening rate increases with decreasing normalized film 

thickness, / h . Figure 5.11(b) compares the distribution of plastic strains across the film 

thickness for these films. It should be noted the boundary condition of the film-

passivation interface completely suppresses plastic flow at the interface, i.e., the plastic 

strain is zero at the interface.  

In order to compare the calculated results with the experimental data, we define a  
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(a) 

 

(b) (c) 

Figure 5.11: (a) Calculated stress–strain curves for films with one surface passivated [N 

= 0.1]. (b) Distribution of transverse plastic strain and (c) distribution of transverse stress 

across the film thickness at a given applied strain. 
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Figure 5.12: The strengthening factor, S, as defined in Eq. (2), versus the normalized 

film thickness. The dashed line is the best fit to experimental data with a length scale 

parameter  = 360 nm for a hardening index N = 0.15, while the solid line is the best fit 

with  = 330 nm for N = 0.1. 

 

strengthening factor S to characterize the effect of passivation 

/p u
y yS σ σ= , (12) 

where p
yσ  and u

yσ  are the yield stress for a film with and without passivation, 

respectively. In other words, the yield stress of the passivated film is normalized by that 

of the same film without passivation and the influence of the microstructure is ruled out. 

The strengthening factor S is calculated from both the experimental [Figs. 5.6(a) – 5.6(e)] 

and the SGP [Fig. 5.11] stress–strain curves and plotted as a function of film thickness h 

in Fig. 5.12. By fitting the SGP results (dashed and solid curves) to the experimental data 
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points (filled squares), a numerical value of the material length parameter  is obtained. 

The dashed and solid curves correspond to the two limiting cases with N = 0.1 and 0.15, 

respectively, and yield an upper and lower limits for the material length parameter of  = 

360 nm and 330 nm, respectively. The average of the two limits can be taken as the 

material length parameter  = 0.345 ± 0.015 µm. The fit in Fig. 5.12 is quite good, which 

indicates that the SGP well describes hardening of the films.  

 

 

5.5 Discrete dislocation simulations 

The experiments were also directly simulated using discrete dislocation dynamics 

by Nicola et al. [88]. In this section, we summarize the key information of the simulation 

work for the purpose of comparison with our experimental results in the next section.  

 

5.5.1 Modeling  

The polycrystalline film of thickness h is modeled as an infinite array of columnar 

grains with an identical size d, as illustrate in Fig. 5.13. The film is subjected to plane-

strain tension with zero strains along x3 axis; therefore the model is essentially two 

dimensional in the x1–x2 plane. Furthermore, elastic anisotropy is neglected to avoid 

mathematical complication. Plastic deformation in the film happens through nucleation 

and glide of edge dislocations in the x1–x2 plane, which are treated as line singularities in 

an elastic solid. In each grain there are three sets of slip planes that are oriented at φ , 
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60φ + , and 120φ +  from the x1–axis, on which edge dislocations with Burgers vector b 

can nucleate and glide. Simulations are performed in a unit cell that contains eight grains 

(i.e., the cell length 8w d= ) for films with one surface or both surfaces passivated, as 

well as unpassivated films. The orientation of each grain, φ , is randomly selected from 

the range [0, π). Passivation layers, if any, deform only elastically and have no elastic 

mismatch with the film. Both grain boundaries and film-passivation interfaces are treated 

to be impenetrable to dislocation motions. A more complete description of the problem 

formulation and analysis procedure can be found in Ref. [88]. 

 

 

Figure 5.13: The two-dimensional model of a freestanding film with both surfaces 

passivated and under tensile loading. (From [88]) 

 

At the beginning of the simulations, the film is dislocation free and has random 

dislocation sources on the slip planes. During the simulations, dislocations nucleate when 

the Peach-Koehler force at a source exceeds a critical value for a given time span and 

glide on the slip planes under the applied stresses. Gliding dislocations form pile-ups 

when they reach grain boundaries and interfaces, and exit the material and leave step 

bands at free surfaces, interact with other dislocations resulting, e.g. annihilation. The 
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calculations are performed in an incremental way such that the deformation history is 

recorded. 

The materials parameters take the representative values of Cu, while the grain size 

takes the average value obtained in the experiments reported earlier in this chapter. The 

dislocation constitutive parameters such as source density, strength, and strength 

distribution are determined by fitting the calculated yield stresses to the measured values 

for the first set of samples in passivated condition. The same dislocation constitutive 

parameters are then used for simulations over a much wider range film thickness and for 

different grain size and passivation conditions. 

 

5.5.2 Numerical results  

Figure 5.14 illustrates the snapshots of films with different passivation conditions 

at an applied strain of 0.5% during the simulations. The effect of surface passivation on 

the distribution of the stress and dislocation in the films is clearly demonstrated. It is 

evident that dislocations pile up not only at the film-passivation interfaces, but also at 

grain boundaries because both the interfaces and grain boundaries are treated as 

impenetrable to dislocations in the simulations. Areas near free surfaces generally contain 

many fewer dislocations. Passivated films show significantly higher stress levels and 

higher dislocation densities. There is also large variation from grain to grain in the same 

film as a result of orientation variation. The average stresses in these films are plotted 

versus the applied strains in Fig. 5.15(a), which reproduces the experimental stress–strain 

curves in Fig. 5.4(a). Similarly, the experimental stress–strain curves in Fig. 5.4(b) can be 
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simulated and the results are shown in Fig. 5.15(b), which illustrates the effect of film 

thickness for films with constant microstructure and with both surfaces passivated. The 

dislocation source density, strength, and strength distributions have been selected such 

that quantitative agreement is obtained between the experimental and computational 

results for the conditions shown in Fig. 5.15(b). The same density is used for all 

simulations including for the results shown in Fig. 5.15(a) and Figs. 5.16(a) and (b). 

We now compare the simulations with the experimental results. The yield stress 

as obtained from the experiments and the discrete dislocation simulations are plotted as a 

function of the reciprocal film thickness for films with one surface passivated and for 

 

 

Figure 5.14: The distribution of stress and dislocation in 1 µm films with (a) both 

surfaces passivated, (b) bottom surface passivated, and (c) no passivation. The applied 

strain is 0.5%ε = . (From [88]) 

 

 

(a) 

(b) 

(c) 
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(a) (b) 

Figure 5.15: Discrete dislocation simulations reproduce the experimental stress–strain 

curves for the first set of Cu films [Fig. 5.4]: (a) Effects of passivation on stress–strain 

curves of 1.0 µm film; (b) Effects of film thickness on stress–strain curves of films with 

both surfaces passivated.  

 

films without passivation in Fig. 5.16. The agreement is generally excellent although the 

scatter in the simulations is larger for the sputter-deposited films than for the 

electroplated films. This is so because the simulations are carried out with a limited 

number of grains while the dislocation source density is kept the same. The sputtered 

films have smaller grain size and thus fewer sources in each grain, which causes 

uncertainties in the simulations. The different slopes for electroplated and sputtered films 

observed in Fig. 5.16(a) and are the results of different grain sizes in the two sets of 
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samples. This is further confirmed by the slight change of the yield stress for 

unpassivated films, as shown in Fig. 5.16(b). 

 

  

(a) (b) 

 

Figure 5.16: Comparison between experimental and computational yield stress as a 

function of the reciprocal of film thickness for (a) films with one surface passivated and 

(b) unpassivated films. (From [88]) 

 

 

5.6 Comparison and discussion 

In Fig. 5.13, a material length parameter  = 0.345 ± 0.015 µm is obtained for 

these Cu films by comparing the yield stresses of the sputter-deposited films with the 

strain-gradient plasticity calculations. In both experiments and calculations, one surface 
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of the Cu film was passivated. In the calculation, it was assumed that plastic flows are 

completely suppressed at the film-passivation interface. This assumption is reasonable 

given that the TaN/Si3N4 is much stiffer than Cu, deforms only elastically, and adheres 

well to the Cu. If the Cu––TaN/Si3N4 interface does not completely suppress plastic 

flows, the value of  should be regarded as a lower limit of the material length parameter.  

It should be noticed that the effective material length parameter  is different 

from the three material length parameters originally defined by Fleck and Hutchinson 

[73]. Instead, 2 2
1 3

1 8

2 3
= + , and additional experiments are required in order to solve 

for the original parameters. Nevertheless, the effective material length parameter agrees 

remarkably well with values obtained from other experiments [15, 73].  

The physical meaning of the material length parameter  can be explained as 

follows: If the characteristic dimension of the deformation field, or more specifically the 

film thickness in the current problem, is equal to , then the contribution of the plastic 

strain gradients to work hardening is equal to that of the plastic strains, as is evident from 

Eq. (3). By plotting the plastic strain gradient as a function of the distance from the 

interface, as shown in Fig. 5.17, we find that a boundary layer, with high gradients of 

plastic strains, is formed near the film-passivation interface. It is further noticed that the 

thickness of this boundary layer is approximately 80 nm independent of film thickness. 

As a result, thinner films have lower average plastic strains or higher average stresses 

when subjected to the same amount of applied strains. This gives the origin of the 

thickness-dependent plastic behavior in thin metal films. The explanation is consistent  
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Figure 5.17: A boundary layer with high plastic strain gradients is formed near the film-

passivation interface. The thickness of this layer is independent of film thickness. 

 

with the presence of a boundary layer with high dislocation density near the film-

passivation interface observed in direct discrete dislocation simulations in Ref. [76] and 

in Section 5.5. The distribution of dislocation in passivated films [Figs. 5.14(a) and (b)] 

clearly exemplifies the dislocation pile-ups near the film-passivation interfaces. Cross-

sectional TEM observations of the deformed films [Fig. 5.2(c)] also confirm the presence 

of such a boundary layer. The presence of this boundary layer is not surprising since the 

film-passivation interface blocks gliding dislocations and forms dislocation pileups or 

more complicated structures there.  

The results obtained from the strain-gradient plasticity and the discrete dislocation 

dynamics can be connected by noticing that dislocation pileups lead to net Burgers 
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vectors or geometrically necessary dislocations, which are in turn measured by the plastic 

strain gradients. Furthermore, the thickness of this layer is also close to what observed in 

TEM and in discrete dislocation simulations. 

From the dislocation dynamics point of view, the restriction on dislocation glide 

imposed by the film-passivation interfaces and by the grain boundaries, as shown in Fig. 

5.15(a) and (b), gives rise to a dislocation structure that form a long-range back stress 

field. The back stress field superimposes on the externally applied stress field, which 

inhibits subsequent nucleation at dislocation sources and in turn leads to increased stress 

levels in the films for further plastic deformation, i.e., increased working-hardening rate. 

This same back stress field assists dislocations to glide back when the external loading 

direction is reversed, which leads to early reverse plastic flow on unloading, i.e., the 

Bauschinger effect. The Bauschinger effect will be discussed in more detail in the next 

chapter. 

For unpassivated films, the yield stress varies with film thickness as a result of 

changes in the average grain size. The variation follows the Hall-Petch relation for both 

electroplated and sputter deposited Cu films and both agree remarkably well with 

experimental in Chapter 4. 

 

 

5.7 Summary 

Stress–strain curves of Cu films with thicknesses ranging from 0.34 – 4.2 μm and 

with various surface passivation conditions have been obtained using the plane-strain 
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bulge test technique. The yield stress and work hardening rate of a film increase 

considerably if one surface or both surfaces of the film are passivated. This is due to the 

constraint on plastic flows at the film-passivation interfaces. The degree of the constraint 

is affected by the mechanical properties and thickness of the passivating layer. For films 

with the same passivation condition, the yield stress scales inversely with the film 

thickness and pronounced Bauschinger effect is observed. By contrast, unpassivated films 

show only Hall-Petch strengthening due to the variation of grain sizes and negligible 

hysteresis and Bauschinger effect on unloading. 

The experimental results are compared with numerical results based on both the 

strain-gradient plasticity theory and the discrete dislocation dynamics. Good agreement is 

obtained between experimental results and simulations based on both models. Fitting the 

SGP results to the experimental data gives a material length parameter that sets the 

characteristic length scale of the deformation field at which the size effect becomes 

dominant. The value of the material length parameter agrees well with results in the 

literature. The SGP calculations also reveal a boundary layer near the film-passivation 

interface, which has much larger gradients of plastic strains than the rest part of the films. 

The thickness of this layer does not scale with the film thickness. As a result, the yield 

stress of passivated films exhibits strong thickness dependence. This is consistent with 

the observations in direct simulations of the experiments using discrete dislocation 

dynamics: A strong interface causes dislocations to pile-up and form a boundary layer 

with much higher dislocation densities than the rest part of the film and with thickness 

independent of film thickness. Large plastic strain gradients are associated with high 
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densities of GNDs, which build up significant back stresses. These back stresses increase 

the resistance to plastic flow on loading and assists reverse plastic flow on unloading, 

leading to unusual Bauschinger effects. Grain boundaries also affect the dislocation 

structures since they are internal obstacles to dislocation motions. As a result, the yield 

stress of passivated films exhibit strong thickness dependence, while the yield stress of 

unpassivated films shows Hall-Petch strengthening only.  

 

 

 



 

 

 

 

Chapter 6 

Bauschinger effect in Cu thin films † 
 

 

 

In this chapter, we first introduce a new experimental technique that allows us to 

isothermally deform thin metal films alternating in tension and compression and to 

measure the corresponding stress–strain curve. The technique was applied to thin sputter-

deposited Al and Cu films. A dislocation based mechanism is proposed to explain the 

results. Further experiments on passivated Cu thin films with a range of thickness and 

grain size indicate that the Bauschinger effect scales with the grain aspect ratio, which is 

consistent with the prediction of the mechanism. Direct simulations of these experiments 

using discrete dislocation dynamics also support the proposed mechanism. 

 

                                                 
† Based on "Bauschinger effect in thin metal films", Y. Xiang and J.J. Vlassak, Scripta 

Mater. 53, 177-182 (2005) and "Size effect and Bauschinger effect in freestanding thin 
films", Y. Xiang  and J.J. Vlassak, Acta Mater., in review (2005). 
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6.1 Introduction 

 

6.1.1 What is Bauschinger effect? 

It is well known that the mechanical response of a metallic material depends not 

only on its current stress state but also on its deformation history. One of the most 

important examples is the observation that after a metal is deformed plastically in one 

direction, the yield stress in the reverse direction is often lower. Figure 6.1 schematically 

shows a typical stress–strain curve for metallic materials. The stress fσ  is the forward 

flow stress, and rσ  at the start of reverse plastic flow is the reverse flow stress. If rσ  is  

 

 

Figure 6.1: Schematic illustration of the typical stress–strain curve of a metallic material 

that exhibits the Bauschinger effect. 
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equal to fσ , the material hardens isotropically. For many metals, however, the reverse 

flow stress is found to be lower than the forward flow stress. This anisotropic flow 

behavior was first reported by Bauschinger [132] and is referred to as the Bauschinger 

effect. The loss of strength due to the Bauschinger effect is of practical importance since 

the strength of a metal part may be impaired if the working stress acts in the reverse 

direction compared to the manufacturing stress. Furthermore, a good understanding of the 

physical origin of the Bauschinger effect may lead to more refined plasticity theories and 

may ultimately result in materials with superior mechanical behavior. Many experimental 

and theoretical efforts have been devoted to study the Bauschinger effect in bulk metals 

since the phenomenon was first reported [133-146]. The physical origins are generally 

ascribed to either long-range effects, such as internal stresses due to dislocation 

interactions [137, 138], dislocation pile-ups at grain boundaries [139, 140] or Orowan 

loops around strong precipitates [141-145], or to short-range effects, such as the 

directionality of mobile dislocations in their resistance to motion or annihilation of the 

dislocations during reverse straining [141]. Satisfactory agreement has been achieved 

between models and experimental results obtained in various bulk metals and alloys 

[134-136, 138-142]. 

 

6.1.2 Bauschinger effect in thin metal films 

As discussed in Chapter 2, thin films behave mechanically very differently from 

their bulk counterparts, especially in the plastic regime [14]. Various theoretical models 
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and numerical simulations have been proposed to describe thin-film plasticity including 

strain-gradient plasticity theories [70, 72], crystal plasticity theories [81], and discrete 

dislocation simulations [76, 77]. The plasticity theories and the discrete dislocation 

models explain the strengthening effects associated with the film thickness and 

microstructure reasonably well; they predict, however, different behavior in reverse 

loading. In the discrete dislocation simulations [81, 94] and some crystal plasticity 

theories [94], passivated films show a distinct Bauschinger effect upon unloading after 

plastic pre-straining in tension. Reverse plastic flow starts early even though the overall 

stress in the film is still in tension. This type of Bauschinger behavior is not predicted in 

other models [70, 72, 81] and is also very different from that typically found in bulk 

materials. Up to date, however, there has been no direct experimental evidence of such a 

Bauschinger effect in thin metal films. 

The most common experimental technique for revealing the Bauschinger effect in 

bulk material is cyclic or unidirectional testing where prestraining in tension is followed 

by reverse loading in compression. This method cannot be directly applied to thin films 

because any compressive stress in the plane of a freestanding thin film causes it to buckle 

due to the large lateral dimension/thickness ratio in thin films.  

 

6.1.3 Objective and overview 

In this chapter, we first introduce a new experimental technique to deform thin 

metal films alternating in tension and compression and to measure the corresponding 
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stress–strain curves. This technique allows us to quantitatively study the Bauschinger 

effect in thin metal film and has been applied to thin sputter-deposited Al and Cu films. 

These preliminary results provide for the first time unambiguous experimental evidence 

of a strong Bauschinger effect in thin metal films. 

We then carry out a systematic study on the influence of various microstructural 

parameters such as film thickness and grain size on the Bauschinger effect in thin sputter-

deposited Cu films with a range of thickness and grain size. The experimental details 

have been presented in Chapter 5, where the length-scale effect is discussed. In this 

chapter we focus on the Bauschinger effect observed in these films by accounting for the 

influence of free surface, interface, and grain boundary on dislocation activity. 

 

 

6.2. Compression test for thin metal films 

 

6.2.1 The compression test technique 

The new experimental method is based on the plane-strain bulge test technique, 

the details of which are described in Chapter 3. Figure 6.2 illustrates how the bulge test 

technique can be modified to test metal films in compression. A bilayer membrane is 

microfabricated consisting of the metal film of interest on a thin ceramic layer such as 

Si3N4 that has a much higher yield strain than the metal film. During the test, the metal 

film first flows in tension, while the Si3N4 layer only deforms elastically. Upon unloading,  
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Figure 6.2: The principle of the compression test technique for thin metal films. The 

stress–strain curves of the metal and ceramic layers in the composite film are 

schematically shown. 

 

the tensile stress in the Si3N4 layer drives the metal film into compression, while the 

overall stress in the bilayer is kept in tension to prevent buckling of the membrane. The 

Si3N4 film thus serves a dual purpose: it provides the driving force to deform the metal 

film into compression and it passivates one of the surfaces of the metal film. By adjusting 

the thickness ratio of the Si3N4 layer and the metal film, different levels of compressive 

stress can be obtained in the metal film. 

If the Si3N4 film and the metal film are denoted as layers 1 and 2 with thickness 

1h  and 2h , respectively, the average stress in the bilayer, bσ , is given by 
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1 2
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where 1σ  and 2σ  are the stresses in the respective layers. These stresses are related to 

the corresponding strains in each layer through the following constitutive equations 
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Where δ  is the deflection of the bilayer, and 01ε  and 02ε  are the residual strains in layers 

1 and 2, respectively. Equilibrium requires that the average stress in the membrane 

depend on the membrane deflection as follows:  

( )
2

1 22b
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h h

σ
δ

=
+

, (6.3) 

where p  is the total pressure supported by the bilayer. From Eqs. (6.1), (6.2), and (6.3), 

the pressure–deflection relation for the bilayer is found to be 

( )
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We define the pressures 1p  and 2p  as follows 

( ) ( )
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δ δ δ δδ ε δ ε
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Since the Si3N4 film (layer 1) deforms only elastically, the constitutive function 1f  is  

independent of whether the film is freestanding or part of a bilayer. Comparison of Eqs. 

(3.1) and (6.4) shows that ( )1p δ  is equal to the pressure required to deflect a 



6.2 Compression test for thin metal films 121 

freestanding Si3N4 membrane to the deflection δ . According to Eq. (6.4), ( )2p δ  can be 

obtained by subtracting the pressure–deflection curve of a freestanding Si3N4 film from 

that of the bilayer. The stress–strain curve of the metal film, 2f , can be calculated from 

( )2p δ  using Eq. (3.7). This method is generally applicable as long as the constitutive  

equation of layer 1, 1f , does not change when layer 2 is removed. 

 

6.2.2 Application to thin sputter-deposited Al and Cu films 

We now apply this technique to thin sputter-deposited Al and Cu thin films. The 

detailed sample preparation method is discussed in Chapter 3. Briefly, 1 μm thick Al 

films were sputter deposited onto a Si wafer, coated on both sides with 80 nm of Si3N4 by 

means of low-pressure chemical vapor deposition (LPCVD). Immediately prior to the Al 

deposition, a thin TiN sticking layer was grown using reactive sputtering. Freestanding 

Al/TiN/Si3N4 composite membranes were microfabricated by opening rectangular 

windows in the Si substrate using standard silicon micromachining techniques. 

Freestanding Cu/Si3N4 bilayers were prepared by first microfabricating freestanding 

Si3N4 membranes followed by sputter depositing 600 nm Cu films directly on top of the 

Si3N4 membranes. Both sets of samples were vacuum annealed at 300°C to stabilize the 

microstructure. Freestanding Al and Cu membranes were prepared by etching the Si3N4 

or Si3N4/TiN layer beneath the metal films using reactive ion etching (RIE). 

Transmission electron microscope (TEM) micrographs in Fig. 6.3 show that grains in 
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Figure 6.3: TEM micrographs showing the grain structure of a 1 μm Al film (a) and a 0.6 

μm Cu film (b). 
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both films are roughly equiaxed and that the average grain size is 2.1 μm for Al and 0.9 

μm for Cu. Both films have a columnar grain structure with grain boundaries traversing 

the thickness of the film. Annealing twins are only found in Cu grains. 

Both composite and freestanding films were tested in multiple loading/unloading 

cycles with a bulge test apparatus [147]. For the Cu/Si3N4 samples, the elastic 

contribution of the Si3N4 films was measured independently by dissolving the Cu in 

dilute nitric acid and testing the Si3N4 membranes separately. The pressure–deflection of 

the Cu/Si3N4 bilayer and the freestanding Si3N4 membrane are plotted in Fig. 6.4. The 

curve of the freestanding Si3N4 membrane consists of both loading (solid line) and 

unloading (solid squares) sections. It can be seen that the deformation of the Si3N4 

membrane is elastic. For a given deflection, the difference between the pressures 

supported by the bilayer and the Si3N4 membrane gives the contribution of the Cu film, as 

illustrated by the insert in Fig. 6.4. The stress–strain curve of the Cu film is then 

calculated using equation (1) and (6). The same method could not be applied to the Al 

samples because the TiN had a large compressive stress that caused the freestanding 

Si3N4/TiN bilayer to buckle if the Al was dissolved. Instead, the properties of the 

Si3N4/TiN were obtained from the elastic unloading curves of both Si3N4/TiN/Al and 

freestanding Al films [59]. The elastic contribution of Si3N4/TiN bilayer can then be 

subtracted from the data of the Si3N4/TiN/Al composite films. 

The resulting stress–strain curves are presented in Figs. 6.5(a) and 6.5(b) for 

passivated Cu and Al film, respectively. Also plotted in Fig. 6.5 are typical stress–strain 
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curves for unpassivated Cu and Al films. For both materials, the passivated films show a 

very strong Bauschinger effect: during unloading, reverse plastic flow starts when the 

applied stress is still in tension and continues when the films are loaded in compression. 

Each loading cycle shows significant hysteresis, which increases with increasing plastic 

strain. By contrast, the stress–strain curves of unpassivated films have unloading cycles 

with little or no hysteresis. 

 

 

 

Figure 6.4: Pressure–deflection curves of the Cu/Si3N4 bilayer and the freestanding Si3N4 

film. For clarity, only every twentieth data point of the Si3N4 unloading curve is 

displayed (■). 
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Figure 6.5: Stress–strain curves of passivated and freestanding films for a 0.6-µm Cu 

film (a) and a 1.0-µm Al film (b). The stress–strain curves are offset by the biaxial 

residual strains in the films, as represented by the dashed lines starting from the origins in 

the stress–strain curves. 

(a) 

(b) 
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6.2.3 Discussion 

A dislocation-based mechanism is proposed to explain the difference between 

passivated and unpassivated films. Figure 6.6 depicts a thin metal film with a columnar 

grain structure. The lower surface of the film is passivated by a material that forms a 

strong interface, while the upper surface is free. When dislocations reach an obstacle such 

as a grain boundary or a strong interface during forward plastic deformation, they form 

pileups; when they reach a free surface, they simply exit the material to form surface 

steps. In the presence of pile-ups, dislocations in the film are subject to two types of 

stress: the externally applied stress and the internal stress imposed by the pileups; the 

former provides the driving force for further plastic flow, while the latter acts as a 

resistance. During tensile loading of a passivated film, dislocation pile-ups form at the  

 

 

Figure 6.6: Dislocations interact with grain boundaries as well as free surfaces and 

interfaces in thin films. 
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film/passivation interface resulting in significant back stresses in the film. Upon 

unloading, these back stresses cause dislocations to glide in the opposite direction 

resulting in a nonlinear unloading curve. The different behavior of passivated and 

freestanding films arises as follows. In freestanding films, many dislocations can exit the 

film due to the proximity of the free surface and no significant Bauschinger effect is 

observed. If one of the film surfaces is passivated [Fig. 6.6] and the interface is strong, a 

boundary layer with high dislocation density is formed near the interface [76]. This 

boundary layer, which may consist of simple pileups or may have a more complex 

structure, has an associated back stress that is not present in freestanding films. As a 

result of this high back stress, reverse plastic flow starts much earlier during the reverse 

loading cycle. If the back stress is large enough, reverse flow can start even when the 

externally applied stress is still in tension, as observed in the stress–strain curves of the 

passivated Cu and Al film in Fig. 6.5. It should be noted that the Bauschinger effect will 

occur only when the obstacle to dislocation motion is strong enough to cause significant 

back stresses. The data in Fig. 6.5(b) suggest that this is not the case for the thin native 

oxide that forms on freestanding Al films.  

In addition to the composite-film technique proposed here, the substrate curvature 

technique can also be used to load thin films deposited on a substrate alternating in 

tension and compression. In this technique, a metal film on a silicon substrate is loaded 

into compression by heating the sample until the residual stress in the film becomes 

compressive due to the thermal mismatch with the substrate. Upon cooling, the film goes 

into tension. From the change in substrate curvature, one can determine the stress in the  
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film and thus obtain an estimate for the forward and reverse flow stress. Using this 

technique, Baker et al. [148] observed "anomalous" thermomechanical behavior for Cu 

films encapsulated between Si3N4 barrier and passivation layers, when a small amount of 

oxygen was introduced in the deposition system during film growth: the films exhibited a 

Bauschinger-like behavior that is large compared to that observed for bulk Cu. The result 

is difficult to interpret, however, because the applied strain cannot be decoupled from the 

temperature change and because at elevated temperatures other deformation mechanisms 

such as diffusional creep may come into play [149]. Compared to the substrate curvature 

technique, the composite film technique proposed here has the unique advantage of 

measuring the isothermal stress–strain behavior and is thus ideal for studying 

Bauschinger effect in thin metal films. 

 

 

6.3 The influence of free surfaces, interfaces, and grain 

boundaries on Bauschinger effect 

In this section, we discuss the influence of the microstructural parameters, such as 

free surfaces, interfaces, grain boundaries, on Bauschinger effect in Cu thin films. The 

discussion is based on the experimental results for the third set of samples in the previous 

chapter, i.e., the sputter-deposited Cu films with thickness ranging from 0.34 to 0.89 μm. 
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6.3.1 Experimental results 

The stress–strain curves for both passivated and unpassivated films are presented 

in Fig. 5.6. In order to quantitatively compare the Bauschinger effect in passivated and 

unpassivated films, the reverse plastic strain during each unloading cycle, εrp, is plotted 

as a function of total prestrain, εp, in Fig. 6.8. Both strains are normalized by the yield 

strain of the films, εy, as defined in the inset of Fig. 6.7. The difference between the 

passivated and unpassivated films is immediately evident. Moreover, for passivated films, 

it is noted that the Bauschinger effect increases with the increasing grain aspect ratio h/d. 

This is due to the constraint of both the grain boundaries and the film-passivation 

interface and will be discussed in more detail later in the discussion section. 

  

Figure 6.7: Bauschinger effect in sputter-deposited Cu films: the reverse plastic strain, 

rpε , as defined in the inset, versus the applied prestrain, pε . Both strains are normalized 

by the yield strain, ( )21y y Eε σ ν= − . 
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6.3.2 Comparison and discussion 

The Fleck-Hutchinson theory used for the calculations in Section 5.4 does not 

provide a constitutive description for unloading and therefore the Bauschinger effect 

cannot be directly predicted from the calculations. The calculated distributions of plastic 

strains [Fig. 5.11(b)] and their gradients [Fig. 5.17] across the film thickness, however, 

suggest a potential mechanism for the unusual Bauschinger effect observed in these 

experiment. The presence of a boundary layer with large plastic strain gradients suggests 

that GNDs of a high density are formed near the interface. The net Burgers vector of the 

GNDs then leads to a directional back stress and therefore the flow asymmetry or 

Bauschinger effect found in the stress-strain curves. This observation would argue for 

inclusion of a back stress in the Fleck-Hutchinson theory. Such a back stress would 

naturally lead to a certain degree of kinematic hardening and could be used to describe 

the Bauschinger effect in thin films. There is, however, no simple relation between the 

GND density and the degree of kinematic hardening versus isotropic hardening [83]. 

Moreover, the influence of microstructure is not reflected. 

The experiments were also simulated directly using discrete dislocation dynamics, 

as summarized in Section 5.5. The calculated stress–strain curves for two films with 

distinct thickness and grain size [(a) 1 μm, 1.5 μmh d= =  and (b) 0.6 μm, h =  

0.5 μmd = ] are presented in Fig. 6.8, in which curves for both unpassivated films and 

films with one surface passivated are plotted together. The influence of passivation and 

grain aspect ratio on the Bauschinger effect is clearly shown. In Fig. 6.8(a), the 

unpassivated film exhibits almost no hysteresis, while the passivated film shows a 
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(a) (b) 

Figure 6.8: Discrete dislocation simulations predict significant Bauschinger effect in 

films with one surface passivated: (a) 1 μm, 1.5 μmh d= =  and (b) 0.6 μm, h =  

0.5 μmd = . By contrast, little or no reverse plastic flow is observed in unpassivated 

films. (From [88]). 

 

pronounced Bauschinger effect with the hysteresis loop increasing with the prestrain. In 

Fig. 6.8(b), the film is thinner and has a smaller grain size, but the grain aspect ratio is 

larger. Both the passivated and unpassivated films show a significantly higher work- 

hardening rate than the other film. The hysteresis loop in the passivated film is also larger. 

Even for the unpassivated film, there is also some degree of hysteresis. This is due to 

dislocation pile-ups that form at the grain boundaries. The simulated curves for both sets 

of films reproduce the trends observed in the experimental curves in Fig. 5. 6.  
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The normalized reverse plastic strain during each unloading cycle is determined 

from the calculated stress–strain curves and plotted as a function of the normalized total 

prestrain. Figure 6.9 compares the simulated results with those obtained from the 

experimental stress–strain curves. In both experiments and computations, the 

unpassivated films show nearly no Bauschinger effect, while the passivated films exhibit 

a pronounced Bauschinger effect that increases with increasing prestrain. There is no 

obvious dependence of the Bauschinger effect on the grain aspect ratio in the simulations, 

while the experimental results clearly suggest that the effect increases with increasing 

grain aspect ratio for a given prestrain.  

Now we explain the dependence of the Bauschinger effect on the grain aspect 

ratio. The dislocation-based mechanism proposed in Section 6.2.3, as illustrated in Fig. 

6.6, suggests that a free surface facilitates the escape of dislocations from the material, 

while a strong interface inhibits dislocations from doing so and results in the formation of 

dislocation pile-ups or more complex structures at the interface, which causes significant 

back stresses. Grain boundaries can block dislocations in the material but also acts as 

dislocation sources. As a result, for passivated films, significant back stresses are 

generated, providing a large driving force for dislocations to glide back during unloading. 

For films with the same grain size, thicker films have larger grain boundary areas so there 

are more dislocation sources; a larger grain aspect ratio (h/d) also helps keep more 

dislocations from exiting the material. This is confirmed by the discrete dislocation 

simulations, as shown in Fig. 6.10. The calculated dislocation density is higher in thicker 

films if the grain size is the same [Fig. 6.10(a)]. In other words, there are more  
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Figure 6.9: The reverse plastic strain as a function of the total prestrain for each 

unloading loop of the stress–strain curves obtained by numerical simulations [open 

symbols] and experimental measurements [filled symbols]. Both strains are normalized 

by the corresponding yield strains. (From [88]). 

 

 

(a) (b) 

Figure 6.10: Calculated dislocation density at approximately yield stress versus the 

reciprocal of film thickness. Figures are taken from [88]. 
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dislocations available to glide back, and/or more dislocation sources to provide enough 

dislocations available to glide back, when the loading direction is reversed.  

By contrast, for unpassivated films, no significant back stresses are generated and 

thus there is no significant driving force. The dislocation density is also much lower [Fig. 

6.10(b)] and thus fewer dislocations are available to glide back when the loading 

direction is reversed. Grain boundaries may cause a certain degree of dislocation pile-ups, 

as suggested by the discrete dislocation simulations in Fig. 5.14(c), and thus a small 

amount of hysteresis is also observed when unpassivated films are fully unloaded. These 

arguments naturally lead to the experimental results in Fig. 6.7: (i) For films with one 

surface passivated, the Bauschinger effect scales with the grain aspect ratio h/d, i.e., for 

films with same grain size, thinner films show less BE because less dislocations are left 

in the material. (ii) Unpassivated films show negligible reverse plastic deformation due to  

a smaller dislocation density and lack of back stresses in these films.  

 

6.3.3 Length-scale effect versus Bauschinger effect 

In Chapter 5, we discussed the length-scale effect associated with surface 

passivation and film thickness in thin films. Based on the same set of experiments, we 

discussed the Bauschinger effect in this chapter. It is evident that both effects are results 

of the dislocation activity in the materials and are affected by various microstructural 

parameters that affect the formation of a dislocation structure, such as the material 

volume, free surfaces, interfaces, grain boundaries, crystallographic texture, and internal 

obstacles such as existing dislocation structures. For example, the nucleation and storage 
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of dislocations are energetically unfavorable in materials of small volumes, where 

dislocation sources are also limited; a free surface provides attracting image forces, 

allowing dislocations to exit the material; interfaces prevent dislocations from exiting the 

material, allowing back stresses to build up; grain boundaries can be effective internal 

obstacles to dislocation motions, as well as dislocation sources.  

Both the length-scale and the Bauschinger effects sometimes originate from the 

same source, e.g., the passivated films in the current study. Surface passivation prevents 

dislocations from exiting the films and plastic flow is thus constrained at the interface. A 

boundary layer with large plastic strain gradients is formed near the interface, which 

significantly increases the resistance for plastic flow. The thickness of this boundary 

layer does not scale with film thickness, which leads to the length-scale effect. The 

plastic strain gradients are associated with geometrically necessary dislocations or net 

Burgers vectors. Due to the directionality of GNDs or net Burgers vectors, the hardening 

intrinsically possesses a kinematic nature, which leads to the flow asymmetry, or the 

Bauschinger effect, in the stress–strain curves. For a given applied strain, the plastic 

strain distribution in thinner films is less uniform than in thicker films and the average 

plastic stain is smaller [Fig. 5.11(b)].  

The same phenomena can also be explained using the discrete dislocation 

mechanisms. Passivation causes dislocation pile-ups or more complex dislocation 

structures near the interface leading to significant back stresses to build up there. Back 

stresses restrict on dislocation glide and/or suppress dislocation nucleation, which 

increases the resistance for further plastic flow but assists the reverse plastic deformation 
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by driving dislocations to glide back on unloading. A pronounced Bauschinger effect 

requires not only significant back stresses, but also enough dislocations available to glide 

back. This explains why thinner films have less reverse plastic flow on unloading after 

the films is subjected to the same amount of prestrain, because the dislocation density is 

lower as shown in Fig. 6.10. 

In more general cases, the length-scale effect is not necessarily related to the 

Bauschinger effect. For example, the size effect can arise from limited dislocation 

sources [87, 89], in which case a significant Bauschinger effect may not be expected.  

 

 

6.4 Summary 

In this chapter, we have systematically investigated the Bauschinger effect in Cu 

thin films using a new experimental technique that allows us deform thin metal films 

alternating in tension and compression and to measure the corresponding isothermal 

stress–strain curve. A detailed analysis of this technique is given with application to Al 

and Cu thin films. Both passivated Al and Cu films exhibit an unusual Bauschinger effect 

with reverse plastic flow occurring on unloading even when the overall film stress is still 

in tension. By contrast, stress–strain curves of unpassivated films show little or no 

reverse flows when the film is fully unloaded. Further experiments on Cu films with a 

range of film thicknesses and grain sizes exhibit that the Bauschinger effect increases 

with increasing grain aspect ratio for films with one surface passivated.  
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A dislocation based mechanism is proposed to explain the observed phenomena. 

Both the film-passivation interfaces and the grain boundaries prevent dislocations from 

exiting the film and allow the buildup of significant back stresses. On unloading, these 

back stresses provide a driving force for dislocations to glide back, causing the reverse 

plastic flow. For films with higher aspect ratios, the grain boundaries help keep more 

dislocations in the material. The increased dislocation density results in higher back 

stresses, which in turn lead to a larger reverse plastic flow on unloading due to a larger 

driving force and more dislocations available to glide back. As a result, the Bauschinger 

effect increases with increasing aspect ratios. For unpassivated films, the free surface 

allows dislocations to exit the film and no back stresses are generated; therefore no 

significant Bauschinger effect is observed. A small amount of hysteresis observed in 

some of the unpassivated films is due to dislocation pile-ups at grain boundaries. The 

mechanism is supported by discrete dislocation simulations.  

 



 

 

 

 

Chapter 7 

Conclusions and outlook 
 

 

 

7.1 Summary and concluding remarks 

The goal of this thesis was to develop a basic understanding of the plasticity in Cu 

thin films at room temperature. An accurate measurement of the mechanical properties of 

the films was the first step toward that objective. The plane-strain bulge test was chosen 

as our mechanical characterization technique. In this technique, the stress–strain curve of 

a thin film is determined from the pressure–deflection behavior of a long rectangular 

membrane made of the film of interest. The technique has a number of advantages. For 

example, it involves minimal sample handling, it is an isothermal measurement, and it 

measures the intrinsic film properties since it tests directly on a freestanding film. 

Moreover, for a membrane in a state of plane strain, film stress and strain are distributed 

uniformly across the membrane width and simple analytical formulae for stress and strain 
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can be established. These features make the plane-strain bulge test ideal for studying the 

mechanical behavior of thin films in both the elastic and plastic regimes. In this thesis, a 

finite element analysis was performed to ensure the accuracy and reliability of the 

technique and confirmed that the plane strain condition holds for rectangular membranes 

with aspect ratios greater than 4, and that the simple analytical formulae used to calculate 

the stress–strain curves from the pressure–deflection data are highly accurate for 

materials with strain-hardening exponents ranging from 0 to 0.5. It was found that the 

residual stress in the film affects mainly the elastic deflection of the membrane and 

changes the initial point of yield in the plane-strain stress–strain curve, but there is little 

or no effect on further plastic deformation. The effect of the residual stress can be 

eliminated by converting the plane-strain curve into the equivalent uniaxial stress–strain 

relationship using von Mises effective stress and strain. A versatile sample preparation 

was developed to fabricate freestanding membranes out of the film of interest using 

standard Si micromachining technology and an automated bulge test apparatus with high 

displacement and force measurement resolutions was constructed. Typical experimental 

procedures and data analysis were demonstrated for an electroplated Cu film. The 

experimental results are in good agreement with the finite element calculations. 

Using the plane-strain bulge test technique, we carried out a series of experiments 

to investigate the effects of film microstructure, film thickness, and surface passivation 

on the elastic-plastic behavior of Cu thin films. Cu films with thickness ranging from 

sub-micrometer to several micrometers were fabricated either by electroplating or by 

sputtering. Suitable heat treatments were employed to obtain a wide range of 
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microstructure in these films. The microstructure was carefully characterized using a 

variety of microscopic techniques. Some of the films were passivated on one surface or 

both surfaces with thin layers of Ti or Si3N4. The stress–strain curves were measured 

using the plane-strain bulge test and the mechanical properties are determined as a 

function of film thickness and microstructure for films both with and without surface 

passivation. Experimental results are summarized below. 

The stiffness of the Cu films varies as a result of changes in the crystallographic 

texture and the elastic anisotropy of Cu. Experimental stiffness values agree well with 

values calculated based single-crystal elastic constants and the appropriate orientation 

distribution functions. No modulus deficit is observed in both electroplated and sputtered 

Cu films.  

The yield stress of freestanding Cu films without surface passivation varies 

mainly as a result of changes in the grain size of the films. The average grain size of the 

films ranges from 0.3 – 6.1 µm. The yield stress follows typical Hall-Petch behavior if 

twins are counted as distinct grains, indicating that twin boundaries are effective barriers 

to dislocation motion. The Hall-Petch coefficient obtained for electroplated films agree 

remarkably well with that for sputtered films, both of which are also in good agreement 

with values reported for bulk Cu. Film thickness and crystallographic texture have a 

negligible effect on the yield stress of unpassivated films. These results indicate that grain 

boundary strengthening is the main working mechanism for unpassivated Cu thin films at 

room temperature independent of whether the films are electroplated or sputter-deposited. 



7.1 Summary and concluding remarks 141 

The yield stress and work hardening rate of the Cu films increase considerably if 

one surface or both surfaces of the films are passivated because dislocation motions are 

restricted at the film-passivation interfaces and the plastic flows in the films are 

constrained. For films with constant microstructure and surface passivation, the yield 

stress scales inversely with the film thickness. A new experimental technique that allows 

us to isothermally deform a metal film alternating in tension and in compression was 

developed and employed to investigate the Bauschinger effect in passivated Cu films. 

These films exhibit a pronounced Bauschinger effect with the reverse plastic flow already 

occurring on unloading. The effect increases with increasing grain aspect ratio for films 

with a columnar grain structure and with one surface passivated. By contrast, 

unpassivated films show no or little hysteresis when fully unloaded.  

The plastic behavior of passivated films was explained using two different 

approaches: the strain-gradient plasticity (SGP) and the discrete dislocation dynamics. 

The two approaches can be connected by noticing that the plastic strain gradient is a 

measure of the density of geometrically necessary dislocations. By fitting the SGP 

calculations to the experimental results, a material length parameter 0.345 μml =  is 

obtained, which agrees well with values in the literature. This parameter characterizes the 

length scale of the deformation field at which the contribution of plastic strain gradients 

to material hardening is comparable to that of plastic strains. The calculations also reveal 

a boundary layer near the film-passivation interface, which has much larger gradients of 

plastic strains and higher stress levels than the rest part of the film and the thickness of 

which is independent of film thickness. As a result, the average stress in the films 
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increases with decreasing film thickness. The SGP results predict the length-scale effect 

well, which is consistent with direct simulations of the experiments using discrete 

dislocation dynamics, where a boundary layer is also observed with much higher 

dislocation densities and with its thickness independent of film thickness. The discrete 

dislocation simulations reproduce the trends in the experiments and are in quantitative 

agreement with the experimental measurements for both length-scale and Bauschinger 

effects. The SGP theory used in this thesis, however, does not provide a description of 

Bauschinger effect. 

The mechanism for the plastic behavior of passivated films was hence recognized: 

The presence of any passivation layers causes dislocations to pile up and form a boundary 

layer with high dislocation density near the interface leading to a significant back stress 

field, which superimposes on the externally applied stress field in the film. The 

directionality of the back stress field naturally leads to the flow asymmetry in the stress–

strain curves: It increases the forward plastic flow resistance on loading but assists the 

reverse plastic flow on unloading, leading to the increased forward yield stress and the 

distinct Bauschinger effect in passivated films. The size dependence arises from that the 

boundary layer does not scale with the film thickness; hence the influence of the back 

stress field increases with decreasing film thickness.  

Now we draw the conclusions: 

1. The elastic behavior of the freestanding Cu films is controlled by the 

crystallographic texture and elastic anisotropy of the film. No modulus deficit 

is observed. 
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2. The plastic behavior of the freestanding Cu films is affected by the grain size, 

film thickness, and surface passivation. The material strengthening in thin 

films is due to the constrained dislocation activity at both grain boundaries 

and any film-passivation interfaces. As a result, the yield stress of 

unpassivated films is dominated by the average grain size, while the yield 

stress of passivated films is a function both film thickness and grain size. 

3. The strain-gradient plasticity theory by Fleck and Hutchinson provides a good 

description of the length-scale effect for these films but does not capture the 

Bauschinger effect. Discrete dislocation simulations agree quantitatively well 

with the experimental results for both film thickness and Bauschinger effects. 

 

 

7.2 Suggestions for future work 

In this thesis, we have recognized the influence of crystallographic texture, grain 

size, film thickness, and surface passivation on the elastic-plastic behavior of Cu thin 

films at room temperature. In addition to the mechanisms identified in this study, there 

are some other microstructural mechanisms that may affect the mechanical behavior of 

thin metal films, which can be further explored in the future work.  

For example, although not present in our films, precipitates or second phases in 

thin metal films can also affect their hardening behavior. The precipitation strengthening 

can be investigated by proper modification of the microstructure of Cu films. Potential 

material systems are alloys of Cu with Ag, Cd, Zr, Ta, or Cr. Since Cu has a very low 
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solubility for these elements, samples can be prepared by sputter deposition followed by a 

suitable heat treatment. The stress evolution in the heat treatment can be studied using the 

substrate curvature technique and the microstructure can be characterized using TEM. 

Kinetics of the precipitation in these films can also be studied through iso-thermal stress-

relaxation experiments using the substrate curvature technique. The stress–strain curves 

of both as-deposited and annealed films can be measured using the plane-strain bulge test 

technique and the mechanical properties, such as yield stress and strain-hardening rate, 

can be related to the concentration of the precipitation. 

The fatigue behavior and fracture toughness of metal thin films are also of 

practical interest. For example, as an essential component of the emerging flexible flat 

panel display, the metallic interconnect lines will need to survive relatively large 

stretches and hundreds of thousands of cyclic deformations. Thin metal films with high 

ductility and high fatigue resistance are thus critical to the development of the promising 

technology. Some initial finite element analysis [150] and experimental work [151] have 

demonstrated that the rupture strains of metal films deposited on polymeric substrate are 

sensitively controlled by their adhesion to the substrates. A good understanding of the 

underlying microstructural mechanisms is very important and requires additional 

experimental and modeling efforts. Qualitative work on the fatigue damage of Cu thin 

films deposited on polyimide substrate under uniaxial tension and compression has been 

reported [152]. The fatigue behavior of ultra-thin metal films can be quantitatively 

studied using the plane-strain bulge test. Similar to the experiments for Bauschinger 

effect, very thin films can be deposited onto freestanding Si3N4 membranes and the metal 
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is tested alternating in plane-strain tension and compression. One of the unique 

advantages of this experiment is that the stress–strain curve of the metal film can be 

accurately measured, as compared with the work in [152], where no stress values were 

measured. Fracture toughness can also be measured using the plane-strain bulge test 

technique. The only difference from the above configuration is that a pre-crack can be 

made in the metal film using focused ion beams before the composite metal/Si3N4 

membranes are tested. A detailed analysis on propagation of the channeling cracks in 

such a configuration has been published by Vlassak [153]. 

The time-dependent deformations in metal thin films on substrates have been 

studied widely in the literature. There is relatively few work for similar behavior in 

freestanding films. The creep or stress-relaxation behavior in freestanding films can be 

measured at both room temperature and elevated temperatures using the plane-strain 

bulge test. For that purpose, additional improvements on the current bulge test system are 

needed. For example, the experiment control software needs to be revised such that a 

constant stress can be maintained in the film. A heating element or a furnace may to be 

added into the bulge test apparatus for measurements at elevated temperatures. Similar to 

what we have done in this thesis, the influence of microstructure, film thickness, surface 

passivation on these behaviors can be systematically investigated. The results can be also 

compared to those obtained using the substrate curvature technique in the literature and to 

improve our understanding the deformation mechanisms at both room and elevated 

temperatures. 
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Appendix A 

Experimental documentation 

 

 

 

The experimental work presented in this thesis involves both standard facilities 

and self-constructed apparatus. A successful experiment requires knowledge of both 

detailed experimental procedures and special operation cares. The purpose of this 

Appendix is therefore to document the important details and to serve as a technical 

reference for future work. 

 

 

A.1 Micromachining 

Adopted from the fabrication process for ultra-large-scale integrated circuits, the 

micromachining technology has been widely used in the fabrication of micro-electrical-
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mechanical-system (MEMS) and nano-electrical-mechanical-system (NEMS) devices. 

Micromachining, or microfabrication, generally involves photolithographic patterning 

and various isotropic/anisotropic etch processes. In the current work, the freestanding 

membranes are fabricated using the standard Si micromachining techniques. Some of the 

details are described below. 

 

A.1.1 Substrate preparation 

We start with (100) single crystal silicon wafers precoated on both sides with 80 

nm Si3N4 using low pressure chemical vapor deposition (LPCVD). The front (polished) 

side may or may not be precoated with the film of interest also. The size of the wafer is 8 

inches in diameter as received from commercial sources. Since the facilities used in the 

current work can only process a maximum of 3" wafers, we first need to cut the 8" wafers 

into 2" × 2" square substrates. Figure A.1 schematically illustrates the Si wafer cleavage 

method, which adopts the configuration of a three-point bending test. First, a short line is 

scratched lightly along the <110> direction of the Si substrate using a diamond scriber. 

The notch as shown in the cross-section of the Si substrate in Fig. A.1(a) exaggerates the 

actual depth of the scribe line. The Si wafer is then placed between a special glass pliers 

with the scribe line aligned with the marker on the top jaw. By slowly squeezing the 

pliers, the Si wafer breaks along the <110> direction. Figure A.1(b) shows the glass pliers, 

which are available commercially from suppliers such as McMaster-Carr, Inc.  

Some special care needs to be taken in the practice though. For example, the short 

scribe line is usually applied on the backside of the wafer, so films coated on the front 
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Figure A.1: Si wafer cleavage method: (a) Schematic illustration of the cross-section of 

the Si wafer and the glass pliers; (b) The glass pliers. 

 

side should be properly protected to prevent any scratches. This can be realized by 

placing the wafer into a holder supporting only the wafer edges. Moreover, when the Si 

wafer breaks, Si debris usually scatter on the film of interest and/or Si3N4 surface and 

cause scratches in the film or the Si3N4. It is thus critical to blow the wafer surfaces 

carefully using a pressurized nitrogen flow after the cleavage. The wafer may be further 

rinsed thoroughly using deionized (DI) water if necessary. 

 

(a) 

(b) 
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A.1.2 Photolithography 

As discussed in Chapter 3, the Si3N4 coating on the backside of the Si substrate 

serves as hard mask during the wet etching. Patterns are defined through a photolitho-

graphic process and transferred into the Si3N4 using reactive ion etch (RIE). A negative 

photoresist (Shipley 1805) is first spincoated onto the Si3N4 followed by exposure to a 

ultra-violet (UV) light source under the mask, which defines the pattern. Figure A.2 

shows a typical mask design for bulge test samples on a 2" × 2" square wafer. The mask 

is in negative tone. Four square dies with rectangular windows at the center are defined. 

It should be noted that the dimensions of the rectangles should be slightly larger than the  

 

 

Figure A.2: A typical photolithographic mask designed for patterning 2 by 2 long rect-

angular windows in the Si3N4 coating. The dimensions of the rectangles are 3.32 × 10.92 

mm2.  
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window to be created in the front side of the wafer due to the inclined walls formed by 

(111) surfaces during the anisotropic wet etch. For example, in order to make 

freestanding membrane windows of 2.4 × 10 mm2 in the front side, the rectangles in the 

mask should be approximately 3.32 × 10.92 mm2 for a 650 µm substrate. Shallow scribe 

lines are etched to facilitate the die cutting. The edges of the rectangles are aligned with 

the straight edges (i.e., <110> directions) of the Si substrate, which is assisted by two 

primary alignment markers (Maker A in Fig. A.2) at the center of two neighboring edges. 

There are four auxiliary alignment makers at four corners (Marker B).  

Table A.1 lists the detailed patterning steps and parameters used in the photo-

lithography. It should be noted that, some of the steps may not be necessary in certain 

cases. For example, wafers are generally clean enough as received from commercial 

sources. Therefore, the wafer clean steps may not be necessary in such a case. Moreover, 

since some coatings do not suffer from moisture and oxidization in the wet etching, such 

as Si3N4 or films capped with Si3N4, BCB coating protection may not be necessary. 

Instead, a Shipley coating can be used to protect the front side from scratching when the 

back side is being processed. The Shipley coating can be subsequently removed right 

after the patterning process is complete (i.e., before the wet etching step). 

 

A.1.3 Reactive ion etch 

The patterns defined by the photoresist need to be transferred into the Si3N4 

coating by means of reactive ion etch (RIE). RIE uses reactive plasmas as etchant to 

selectively remove materials, which is also called “dry etch”. For example, the plasmas of  
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Table A.1: Photolithography steps and parameters 

Substrate preparation  

Wafer cutting See Section A.1.1 
Wafer clean TCE, Acetone, and Methanol ultrasound bath: 5 min each 
Dehydration Hot plate: 10min @ 120 °C 
  

Front (film) side process  

Spin AP a) 5 sec @ 500 rpm; 20 sec @ 3500 rpm 
Spin BCB 5 sec @ 200 rpm; 5 sec @ 500 rpm; 40 sec @ 4500 rpm 
Pre-Exposure Bake b) 3.5 min each @ 40 °C, 50 °C, 60 °C; 1.5 min @ 75 °C 
Exposure c) 20 sec @ 10 mW/cm2 
Post-Exposure Bake 3.5 min each @ 40 °C, 50 °C, 60 °C; 1.5 min @ 75 °C 
Hard Curing 1 hr @ 120 °C 
  

Back side process  

Spin Shipley 1805 5 sec @ 500 rpm; 2500rpm @ 40 sec 
Pre-Exposure Bake 3.5min @ 103 °C 
Exposure 11.5 sec @ 10 mW/cm2 
Post-Exposure Bake 3.5 min @ 103 °C 
Development CD30, 1 min (or: 10 more sec after no more bleeding) 
DI Water Rinse 1 min 

a) Adhesion Promoter from Dow Chemical, Inc.; b) All bake on hot plate; c) All exposure 

in Karl-SUSS aligner. 

 

CF4 or SF6 react with Si3N4 or Si at a much higher rate than with the Shipley photoresist. 

The reaction products are in gas forms, resulting in a selective removal of the materials 

that are not covered by Shipley.  

The equipment used in the current work is a RIE-2000 from South Bay 

Technology, Inc. Typical operation parameters used for Si3N4 etch are a CF4 flow rate of 

30 sccm, a working pressure of 100 mTorr; a forward radio frequency power of 100 
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Watts with an adjusted minimum reflected power. 80 nm Si3N4 can be completely etched 

in 2 minutes at approximately 10 Å/sec.  

 

A.1.4 Anisotropic wet etch 

After RIE, patterns are transferred into Si3N4, which serves the hard mask for wet 

etching. The exposed Si substrate is thus etched using a potassium hydroxide (KOH) 

based solution. This solution etches single crystal Si anisotropically with the maximum 

and minimum etch rates on (100) and (111) faces, respectively. Therefore, the etch pits 

are formed with (100) and (111) facets, when the edges of the rectangular mask align 

with the <110> directions of the (100) Si substrate. The concentration of the solution is 

approximately 23-wt.%, which gives an etch rate of approximately 1.2 µm/min at 80 °C 

[See Table A.2]. The procedure for wet etching is given in Table A.2, while the setup is 

schematically illustrated in Fig. A.3. The temperature and concentration of the KOH  

 

Table A.2: Procedure for wet etching. 

Solution 15g KOH : 50ml H2O (23-wt.%); 80 °C; etch rate ~1.2 µm/min 
  
Procedure 1. Mount the wafer into the wet etching holder. 

2. Connect to venting system. 
3. Vacuum the holder chamber for 15 min. 
4. Fill N2 into the chamber, adjust bubbler to get proper pressure, typically, 

~1 bubble/sec. 
5. Etch at 80 °C for ~10 hours for a 700-µm-thick wafer . 
6. Take out the holder, clean, dry and cool it down. 
8. Remove wafers out of the clamp and remove the gasket very carefully. 
9. Rinse wafers with DI water. 
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Figure A.3: Schematic illustration of our wet etching system. 

 

 

Figure A.4: Schematic illustration of the wafer holder for wet etching.

(a) 

(b) 
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solution is maintained through a water bath and a condenser, respectively. A special 

holder is used to hold the substrate in the KOH solution, as schematically shown in Fig. 

A.4. The upper and lower parts of the holder are fastened and a soft rubber gasket is 

compressed approximately 20% to provide good sealing. The film side of the wafer is 

therefore protected from chemicals, moisture, and oxidization. There is a gas outlet at the 

lower part of the holder connecting to a nitrogen flow, which balances the pressure 

between two sides of the wafer. Otherwise, a differential pressure may build up due to the 

thermal expansion of the air gap at elevated temperatures, which may break the 

membrane once it is released freestanding at the late stage of the etching process.  

 

 

A.2 Bulge test system  

In this section, a technical documentation of the hardware and software of our 

bulge test system as well as its operation procedures is given. 

 

A.2.1 Displacement measurement 

The bulge test apparatus is schematically illustrated in Fig. 3.7, in which the 

displacement is measured using a laser interferometer. The intensity at the center of the 

interferometric fringe pattern is recorded continuously as a function of time into 

computer through a photosensor. The photosensor is based on a light sensitive resistor 

(Clairex® 621 – CL905L, as shown in Fig. A.6). The light sensitive material is CdS,  
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Dimension: inch 

Figure A.5: The light sensitive resistor. 

 

 

(a) (b) 

Figure A.6: (a) A full bridge circuit to monitor the fringe intensity. (b) The power supply 

and signal processing module (SCC-SG04) for the full bridge.  

 

which has a peak response wavelength of 550 nm. The light sensitive resistor is stable 

and has low light memory. Its electrical resistance varies approximately from 102 to 104 

Ω at the highest and lowest illumination intensities, respectively. The resistance is 

monitored using a bridge circuit, as shown in Fig. A.6.  
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We now analyze the Wheatstone full bridge circuit in Fig. A.6(a) and determine 

the device parameters. For the He-Ne laser (wavelength 633 nm, power 1mW) used in 

our system, the resistance of the light sensitive resistor, xR , is measured to vary 

approximately from 300 Ω (RON, at maximum illumination intensity) to 64 kΩ (ROFF, in 

fully darkness). We choose the reference resistor R0 = 10 kΩ in the bridge [Fig. A.6(a)]. 

The output voltage of the bridge, BDV , is therefore 

0 0 x 0

x 0 0 0 x 0

1 /
2 1 /

i
BD i

R R V R RV V
R R R R R R

⎛ ⎞ ⎛ ⎞−
= − =⎜ ⎟ ⎜ ⎟+ + +⎝ ⎠ ⎝ ⎠

, (A.1) 

where x 0/ 0.03 6.4R R −∼ . The bridge is excited with an input voltage 2.5iV = V using a 

strain gauge module SCC-SG04 [Fig. A.6(b)] from National Instruments, Inc. The direct 

output voltage of the bridge, BDV , therefore ranges approximately form –1.25V (in fully 

dark) to +1.25 V (at maximum illumination intensity), which is out of the input range of 

the signal processing module SCC-SG04, ±100 mV. Two resistors, 1R  and 2R , are used 

to adjust the output voltage such that 

1

1 2
EF BD

RV V
R R

=
+

, (A.2) 

where the absolute value of EFV  should be less than 0.1 V, while the maximum of BDV  is 

1.25 V. This leads to 

1
2 1

1 2

1.25 0.1   or   11.5R R R
R R

× ≤ ≥ ×
+

. (A.3) 

Noticing that 1R  and 2R  should be much larger than 0R  to avoid significant interference  
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with the bridge circuit, we thus choose 1R = 1 MΩ and 2R = 12.2 MΩ. 

There is, however, significant noise in the voltage output EFV , as a result of 

background illumination noise as well as circuit noise, both of which typically have 

relatively high frequencies. Since the frequency of the fringe signal is typically equal or 

lower than 1 Hz, a simple low-pass filter is used by adding a capacitor C into the circuit 

such that any noise with frequencies higher than 1 Hz is filtered out. This requires 

1 1R C ≈  and we thus obtain the capacity C = 1 mF. The filtered signal V0 is then 

collected by the SCC-SG04, as shown in Fig. A.6(b). 

 

A.2.2 Data acquisition and experimental procedure 

The experiment control and data acquisition for the bulge test are automated 

through a LabView program, the interface of which is shown in Fig. A.7. In the top two 

windows, the fringe intensity and the applied pressure are monitored in real time during 

the experiment. Users need to set a few control parameters: “Rate Factor” controls the 

loading rate through a stepper motor; P1 – P12 set the starting and ending pressures of 

loading or unloading (as indicated by the arrows) segments for up to 6 cycles. The current 

loading rate and the current loading-unloading cycle are displayed in “Current Rate” and 

“Current Cycle”. 
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Figure A.7: Schematic illustration of the experiment control software interface. 

 

The experiment process is controlled through a Matlab routine embedded in the 

LabView program. A flag variable, s, which is called the cycle number, is used to 

distinguish the individual loading or unloading segments. s is an integer taking the value 

from 1 to 12, with odd s for loading and even for unloading, as shown in Fig. A.7. A 

simple control flow is as follows:  

1. Read pressure P; 

2. Check the current cycle number s and compare P with the corresponding 

loading segment ranges P1 – P2; P2 – P3, P3 – P4…; 

3. If P is out of range for a given cycle s, s increases by one; otherwise keep the 

current cycle number s; 

4. Repeat step 1 – 3.  
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A self-protection check is also employed in the program such that the program 

stops automatically whenever the membrane breaks. This is realized by checking whether 

the pressure is zero at any stages of the experiment except the beginning. Otherwise,  

 

Table A.3: Procedure for the bulge test. 

Preparation 1. Mount the sample  
a. Open the valves and fill the cavity with water  
b. Position the sample with film side facing downwards  
c. Position references around the substrate 
d. Use vacuum grease for sealing 
e. Tighten the screws evenly 

2. Align the optics of the laser interferometer 
a. Align and fix the half-silvered mirror 
b. Center the laser beam on the membrane 
c. Adjust mirror 1 to make the reference laser beam 

concentric with the incidence beam 
d. Adjust half-silvered mirror to make the reflected beam 

concentric with the reference beam 
e. Adjust mirror 2 and lens to project the fringe pattern on the 

screen with the photosensor in the center of the fringe 
pattern  

f. Fine tune the half-silvered mirror to make the fringe pattern 
symmetric 

3. Close the valve to the water reservoir but make sure the valve 
connecting to pressure sensor is open 

  
Experiment 1. Run the control program Main.vi 

2. Decrease the pressure slowly using motor control window until it 
is a little bit below zero, determine the zero point by observing the 
fringe pattern 

3. Initialize the Matlab workspace 
4. Set the pressure values for loading and unloading segments, set 

loading rate, and start the experiment 
5. The program stops automatically if the preset loading cycles are 

finished or if the membrane breaks at any time 
 



Appendix A: Experimental documentation 172 

the stepper motor will keep pushing the ball screw in a loading cycle, since the pressure 

never reaches the preset values. This may cause the damage of the stepper motor and the 

ball screw. A typical procedure for the bulge test is the given Table A.3. 

 

A.2.3 Data processing 

For each test, two raw data files are stored, each of which contains two columns 

of data. One file records the intensity versus time and the other records the pressure 

versus time. The time axes of the two sets of data are synchronized. Typical data 

processing includes five steps: 

1. Smooth the raw data by seven-point averaging and plot intensity–time and 

pressure–time curves. 

2. Between each loading and unloading, there is a transition period. Light intensity 

signals in the transitions are typically very noisy, which may affect the normal 

data analysis. Therefore, transition signals need to be removed by setting them 

equal to a constant in the intensity–time curve.  

3. Search and mark fringe peaks in the intensity–time curve. Save the peak–time 

data. Each peak corresponds to one single fringe. 

4. Determine the pressure value corresponding to each peak: First locate the time for 

a given peak tp, and then use the nearest two data points in the pressure-time curve 

to interpolate the pressure value at tp. This is possible because the two data files 

are synchronized in the experiment. Save the pressure–peak data. 



A.2 Bulge test system 173 

5. Calculate pressure–deflection and stress–strain curves: First determine the fringe 

number by counting the peaks. Starting from 0, the fringe number increases by 

one for each peak in loading cycles and decreases by one during unloading. The 

loading and unloading cycles need to be manually determined on the time axis, 

which is done in Step 2. Now we have the pressure–fringe number data. 

Deflection is then calculated using the fringe number. Finally, the stress–strain 

curve is calculated from the pressure–deflection data. 

 

 



 

 

 

 

Appendix B 

Calculation of the equivalent uniaxial stress–

strain curve 

 

 

 

The stress–strain curves obtained in the bulge test are plane-strain stress–strain 

curves. These curves can be converted into equivalent uniaxial stress–strain curves using 

an analysis first suggested by Freund [154]. This analysis eliminates the effect of the 

residual stress on the stress–strain curves and facilitates comparison of experimental 

bulge test data with results obtained from uniaxial tension tests. 

The three principal stress directions of the freestanding film are shown in Fig. 

3.1(a). Since the pressure applied to the film is much smaller compared to the in-plane 

stress, 3σ  can be taken equal to zero during the experiment. Initially, when the applied 

pressure is zero, the film has an equi-biaxial residual stress, 1 2 0σ σ σ= = . During the 
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experiment, 1σ  are 1ε  are measured. In the elastic regime 2σ  can be determined through 

Poisson’s effect  

( )2 0 1 0σ σ ν σ σ= + − , (B1) 

as a result of the plane-strain condition. 

In the following analysis, the material is assumed to obey the J2 flow theory. 

Considering 3 0σ = , the von Mises equivalent stress σ  is given by  

( )1/ 22 2
1 1 2 2σ σ σ σ σ= − + , (B2) 

where 1σ  is measured, 2σ  is given by Eq. (B1) in the elastic regime and is yet to be 

determined in the plastic regime. The equivalent plastic strain pε  is a function of the 

equivalent stress σ  

( )p gε σ= . (B3) 

The flow rates associated with the von Mises criterion are in this case:  

   

ε1
p =

σ1 − 1 2σ 2

σ
′g σ( )σ

ε2
p =

σ 2 − 1 2σ1

σ
′g σ( )σ

 (B4) 

where ( ) pd
g

d
ε

σ
σ

′ = . In the experimental configuration here, the response is rate-

independent and 1σ  increases monotonically with time. As a result, time can be replaced 

with 1σ  in the above equations. By writing out the equation for the strain rates in the 

longitudinal and transverse directions along with the plane-strain constraints, we find 
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These equations are solved for 
1

dg
dσ

 and 2

1

d
d
σ
σ

, resulting in the following 

differential equations: 
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Noting that the plane-strain modulus is 21
EM
ν

=
−

 and the tangential plane-strain 

modulus is 1

1
t

dM
d
σ
ε

= , the above equations are revised to 
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By integrating equations (B7), the longitudinal stress 2σ  and the equivalent stress–strain 

curve ( )p gε σ=  can be derived from an experimental measurement of ( )1 1σ ε . In 

practice, the plane-strain modulus M  is determined from the unloading sections of the 

measured ( )1 1σ ε  curve, and the tangential plane-strain modulus tM  at each point can be 

obtained by a linear fit to adjacent data points. Poisson’s ration ν  can be taken as equal 

to the bulk value or needs to be determined from an independent measurement. The 

initial value of 2σ  is obtained from equation (B1) in the elastic regime. With these 

parameters, the above differential equations can be numerically solved to get the 

equivalent strain pε , and the longitudinal stress 2σ , thus obtaining the von Mises 

equivalent stress σ  using equation (B2). The resulting pσ ε−  curve is the equivalent 

uniaxial stress–strain curve. This numerical solution can be readily implemented in a 

spreadsheet. 

 



 

 

 

 

Appendix C 

Calculation of the plane-strain modulus of a 

polycrystalline film 

 

 

 

In this section, we detail how the plane-strain modulus of a polycrystalline thin 

film can be estimated from the single-crystal elastic constants and the experimental 

orientation distribution function of the film. The following derivation applies to single 

crystals with cubic symmetry, but it is readily generalized to other crystal symmetries. 

The crystallographic texture of the polycrystalline film is represented by the orientation 

distribution function, ( )f g , defined as the probability density of grains with orientations 

ranging from g  to dg g+  [155]: 

( ) dd Vf g g
V

= , (C1) 
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where dV is the total volume of grains orientated in the range of g  to dg g+ , and V is 

the total volume of the sample. The orientation element d g  can be expressed in terms of 

the three Eulerian angles (Φ, ϕ1, and ϕ2): 

1 22

1d sin d d d
8

g ϕ ϕ
π

= Φ Φ . (C2) 

The elastic behavior of an anisotropic single crystal is described by the generalized 
Hooke's law 

ij ijkl klsε σ= , (C3) 

 
σ ij = cijklεkl , (C4) 

where ijkls  and cijkl  are respectively the compliance and stiffness tensors of the single 

crystal in a Cartesian coordinate system. For crystals with cubic symmetry, the axes of 

the coordinate system are usually aligned with the edges of the unit cell of the crystal. 

The elastic constants in other coordinate systems are readily found using tensor 

transformations: 

 ′sijkl = amianjapk aqlsmnpq , (C5) 

 ′cijkl = amianjapk aqlcmnpq , (C6) 

where ijkls′  and 
 ′cijkl  are the compliance and stiffness tensors in the new coordinate system. 

The direction cosines ija  can be written in terms of the Eulerian angles of the crystal 

coordinate system with respect to the new coordinate system: 
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1 2 1 2 1 2 1 2 2

1 2 1 2 1 2 1 2 2

1 1

cos cos sin sin cos sin cos cos sin cos sin sin
cos sin sin cos cos sin sin cos cos cos cos sin

sin sin cos sin cos
A

ϕ ϕ ϕ ϕ ϕ ϕ ϕ ϕ ϕ
ϕ ϕ ϕ ϕ ϕ ϕ ϕ ϕ ϕ

ϕ ϕ

− Φ + Φ Φ⎡ ⎤
⎢ ⎥= − − Φ − + Φ Φ⎢ ⎥
⎢ ⎥Φ − Φ Φ⎣ ⎦

. (C7) 

In order to determine the effective elastic constants of a polycrystalline film with ODF 

given by ( )f g , the single-crystal constants are first transformed to the macroscopic 

coordinate system attached to the film and then averaged over the volume of the film: 

   
sijkl = ′sijkl ϕ1,Φ,ϕ2( )∫

dV
V

= ′sijkl ϕ1,Φ,ϕ2( )f g( )∫ dg , (C8) 

   
cijkl = ′cijkl ϕ1,Φ,ϕ2( )∫

dV
V

= ′cijkl ϕ1,Φ,ϕ2( )f g( )∫ dg . (C9) 

Note that Eq. (C8) represents the iso-stress or Reuss average of the elastic constants, 

while Eq. (C9) represents the iso-strain or Voigt average. 

For films with fiber textures, the averaged tensors reflect the symmetry of the film, 

i.e., they are transversely isotropic. The plane-strain modulus of a transversely isotropic 

coating with elastic constants cijkl and sijkl is given by 

  
M = c1111 −

c1133
2

c3333

= s1111 −
s1122

2

s1111

⎡

⎣
⎢
⎢

⎤

⎦
⎥
⎥

−1

, (C10) 

where the x3-axis is perpendicular to the film and the x2-axis points in the direction of 

plane strain. The Reuss and Voigt averages of the plane-strain modulus of the 

polycrystalline film are then respectively 

  
M R = s1111 −

s1122
2

s1111

⎡

⎣
⎢
⎢

⎤

⎦
⎥
⎥

−1

, (C11) 
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M V = c1111 −

c1133
2

c3333

. (C12) 

The Voigt and Reuss averages represent upper and lower bounds for the plane-strain 

modulus of the polycrystalline film. The average of the bounds provides a good estimate 

for the modulus of the film: 

  
M = M V + M R( )/ 2 . (C13) 

Slightly different averaging schemes are possible, but usually do not result in 

significantly different moduli. The theoretical moduli shown in Fig. 4.6 were calculated 

using the single-crystal elastic constants for Cu obtained from [126]. 

 



 

 

 

 

Appendix D 

Influence of grain boundary grooving on 

experimental film stiffness 

 

 

 

In order to evaluate the effect of grain boundary grooving on the effective film 

stiffness, grain boundary grooves are approximated by a periodic array of cracks. A cell 

containing one such crack is schematically illustrated in Fig. 4.8, where c  is the average 

depth of the grain boundary grooves, and h  is the film thickness. The length of the cell, 

2d , is the average spacing between grain boundary grooves and can be taken equal to the 

average grain size of the film. Since grooving only occurs at high-energy grain 

boundaries, twin boundaries should not be counted as grain boundaries in this case. The 

presence of the grain boundary increases the compliance of the cell and results in an extra 

displacement Δ when the cell is subjected to a stress σ. If / 1d h ≥ , the displacement Δ is  
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given by 

( ) 
4 /total no crack

c V c h
M
σ

Δ = Δ − Δ = ⋅ , (D1) 

where ( )2 /V c h  is approximated by the following equation [156]: 

( )
( )

( )( )2 2
2 0.99 1 1.3 1.2 0.7

1
c hV c h c h c h c h c h
c h

⎡ ⎤= − − − +⎣ ⎦−
. (D2) 

The equation has a better than 1% accuracy for any value of c h . The additional strain 

due to the presence of the crack is therefore 

( )2
2crack

c V c h
d Md

σε Δ
= = ⋅ . (D3) 

From Equations (D1) and (D2), it follows that 

( )2
2 1 1

c

c V c h
dM M M

⋅ = − , (D4) 

where cM  is the effective plane-strain modulus of a film with grooves. Rewriting Eq. 

(D4) yields the following expression for the effective modulus as a function of the 

normalized groove depth (c/h) and groove density (h/d) 

1

2
0

1 2cM h c cV
M d h h

−
⎛ ⎞⎛ ⎞= + ⋅ ⋅ ⋅ ⎜ ⎟⎜ ⎟

⎝ ⎠⎝ ⎠
. (D5) 

For the 1.8 μm films with c = 40 nm and 2d = 3.0 μm, Eq. (D5) predicts a reduction in 

modulus of approximately 1%; for the 3.0 μm films with c = 170 nm and 2d = 6.1 μm, 

the reduction is approximately 2%. 
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Appendix E 

Taylor factor for polycrystalline thin films 

 

 

 

In order to evaluate the effect of the crystallographic texture, the Taylor factor 

was calculated for each of the electroplated films using the experimental orientation 

distribution functions (ODF). A detailed description of the procedure can be found in 

reference [157]; here only the main points are highlighted. The basic hypotheses in the 

Taylor factor calculation are that elastic strains are small compared to plastic strains and 

that the strain experienced by each grain is exactly equal to the macroscopically imposed 

strain. Since the macroscopic strain is in principle arbitrary, each grain needs at least five 

independent slip systems to satisfy this last requirement. The procedure for calculating 

the polycrystalline behavior is then relatively straightforward. For a given grain 

orientation 
 
ϕ1,Φ,ϕ2( ), all possible combinations of five slip systems are considered that  

produce the macroscopically imposed strain through 
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εij
m = μij

(k )γ (k )

k
∑ , (E1) 

where 
 
ε ij

m  is the macroscopic plastic strain tensor transformed to the crystal coordinate 

system and  γ
k( ) is the shear on slip system k. The coefficients μij  in Eq. (E1) are defined 

as follows 

  
μij =

1
2

mi nj + mj ni( ) (E2) 

and are known as the Schmid factors for slip system (m, n) where m is the unit normal to 

the slip plane and n the unit vector parallel to the slip direction. For a face-centered cubic 

material such as Cu, there are twelve slip systems and hence C12
5 = 792  combinations of 

five independent slip systems that satisfy Eq. (E1). Of all these combinations, the active 

set of five slip systems satisfies Bishop and Hill's principle of minimum plastic 

dissipation: 

   
Wp = τ y

k( ) γ k( )

k
∑ = minimum . (E3) 

If the critical resolved shear stress τ y
k( )is the same on all slip systems, Eq. (E3) reduces to 

   
γ k( )

k
∑ = minimum , (E4) 

i.e., the active set of slip systems is the one that minimizes the algebraic sum of shears on 

each of the slip systems. Once the active slip systems are known for a grain with a given 

orientation, it is a simple matter to calculate the stress tensor required to deform the grain: 

μij
(k )σ ij = τ y , (E5) 
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where k runs from 1 to 5. Since only five slip systems are active, the stress state can be 

determined only to within a hydrostatic component. For some grain orientations, it is 

possible that several sets of slip systems satisfy the Bishop and Hill criterion. In this case, 

the stress states associated with each of these sets are averaged. The stress tensor thus 

obtained depends on the orientation ϕ1,Φ,ϕ2( ) of the grain. The stress state for the 

polycrystalline film is determined by averaging the stress tensor over all possible grain 

orientations using the orientation distribution function, f g( ), as a weight function: 

   
σ ij = σ ij ϕ1,Φ,ϕ2( )∫ f g( )dg . (E6) 

The hydrostatic stress component is finally determined from the condition that the surface 

of the film be stress free. In a uniaxial tension experiment, the Taylor factor is defined as 

the ratio of the uniaxial stress and the critical resolved shear stress: 

 
MT =

σ y
o

τ y

. (E7) 

For a polycrystalline material with a random crystallographic texture subjected to 

uniaxial tension, the above procedure results in the classical value of MT = 3.06. If a state 

of plane strain is imposed instead and one takes into account the crystallographic textures 

[Fig. 4.2] of the specific samples, one obtains the plane-strain Taylor factors plotted in 

Fig. 4.7(b). In these calculations, all numerical integrations over the Euler angles were  

performed with a step size of π/36. 


